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ABSTRACT 
  
Rechargeable lithium-ion batteries have captured the portable electronic market, 
and, now, they are moving into the markets of large-scale applications, such as electric 
vehicles and energy storage systems. To facilitate the commercialization of Li-ion 
batteries in large-scale applications, they must meet more demanding requirements in 
terms of high energy and power density, long lifetime, low cost, and safety. To achieve 
these requirements, research is being conducted with the aim of developing new materials 
for use as anodes and cathodes in the batteries. Many efforts are also focusing on 
reducing the rate at which the batteries degrade, i.e., the loss of capacity and power over 
time. Among the many causes of reduced capacity and power, the instability of the 
interface between the electrode and the electrolyte has emerged as one of the most 
prominent issues, but, at the same time, it is likely the least understood issue. This 
instability is mostly associated with degradation processes of electrode/electrolyte 
interfaces; thereby there is a significant need to shed light on the chemical and 
mechanical processes that contribute to degradation of the electrode/electrolyte interfaces. 
Thus, the aim of this dissertation was to elucidate the mechanisms by which degradation 
occurs at the electrode/electrolyte interface by evaluating the changes in the properties of 
the interface and correlating these changes with the reduction of the capacity and power 
of Li-ion batteries over time.  
xx 
 
Various types of cells and experimental methodologies have been developed, and 
the combination of several analytical techniques has been utilized to obtain a conclusive 
understanding of the changes that occur in the electrode/electrolyte interface. In addition 
to experimental approaches, atomistic-scale simulations using molecular dynamics (MD) 
and density functional theory (DFT) have been used to acquire information about these 
changes that are difficult to measure due to experimental limitations. The simulations 
have proven to be a useful tool in understanding and explaining what we have observed.  
 First, this dissertation addresses the chemical degradation of the solid electrolyte 
interphase (SEI) that can occur during cycling or storage. The results showed that both 
high temperature and the dissolved manganese ions induced significant deterioration of 
the SEI layer, which accelerated SEI growth. The main findings of this work were 1) the 
growth of the SEI at elevated temperatures occurred as a consequence of a competitive 
mechanism between the precipitation and the dissolution of the SEI layer, and 2) 
dissolved manganese ions diffused through the porous layer and were deposited mainly in 
the form of MnF2 at the inorganic layer and graphite surface regions where the ion-
exchange reaction occurred between chemical species of the SEI and the manganese ions, 
resulting in the deterioration of the SEI layer. 
 Second, this dissertation addresses the mechanical aspects of the SEI layer, which 
were investigated by evaluating its elastic properties. Experimental and computational 
results showed that elastic properties of the SEI layer were strongly dependent on its 
chemical composition and microstructure (i.e., crystallinity). This result suggested that 
the importance of having an appropriate chemical composition/structure of the SEI layer 
in order to prevent its mechanical degradation. 
xxi 
 
 Third, the influence of fluoroethylene carbonate (FEC), which is one of the 
electrolyte additives, on the performance of Li-ion batteries was evaluated by analyzing 
the anode’s and the cathode’s interfaces. While a considerable improvement of 
performance (such as enhanced capacity and rate capability) was observed at the anode, 
the degradation of performance at the cathode was severe at elevated temperatures. The 
adverse effect of FEC was attributed to increases in the amount of dissolved manganese 
and the thickness of the cathode surface layer, which were caused by an increased 
concentration of hydrofluoric acid (HF). 
 Fourth, the influence of the dissolved manganese ions on the structural 
degradation of graphite was investigated. The DFT calculations predicted that the 
intercalated Mn ions led to contraction of the interlayer space in graphite, which might 
cause structural defects or disordering of the graphite. Raman mapping showed that the 
structural disordering was significant when the dissolved Mn ions were included in the 
cell. Thus, dissolved Mn ions not only affect the chemical degradation of the SEI layer 
but also the structural degradation of the graphite. 
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CHAPTER I.  
INTRODUCTION 
 
Li-ION BATTERY RESEARCH: MOTIVATION AND CHALLENGES 
 Currently, the world faces an increasing demand for renewable and clean energy 
sources that can substitute for non-renewable fossil fuels. The uneven global distribution 
of the finite quantities of fossil fuels, the inevitable depletion of fossil fuels in the future, 
and concerns about environmental issues, such as global climate change, have accelerated 
the development of sustainable sources of clean energy, such as solar, hydroelectric, 
thermal, and wind energy sources. Nevertheless, most of these renewable sources are 
intermittent, which limits their use in many applications. Thus, electrochemical energy 
storage devices, such as batteries and fuel cells that ensure the efficient conversion of 
chemical energy into electrical energy as needed, have been referred to as emerging and 
promising alternative-energy technologies over the last two decades. In particular, 
batteries are portable and easily can be replaced; they commonly are used in household 
and industrial applications, and they have attracted considerable interest, perhaps more 
than fuel cell technology to date [1]. While the technology associated with batteries has 
made rapid and significant progress over the last decade, there are still issues and 
technical problems that must be solved in fuel cell technology, such as cost, the size of 
such systems, durability, air/thermal/water management, and heat recovery [2]. Hence, it 
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is expected that battery technology will continue to be the primary option in the energy-
storage market for many devices and application in the near future. 
 Among the current battery technologies, Li-ion batteries have become a major 
component of current research. They are being used to replace lead-acid, Ni-Cd, and Ni-
MH batteries because of their high energy density, fairly long life cycle, and fairly good 
rate-capability [3-5]. Due to these advantages and rapid advances in the technology, Li-
ion batteries (LIBs) have captured the portable electronic market, such as cellular phones, 
laptops, and digital cameras, and they are now being used in the markets of large-scale 
electric vehicles (xEVs, i.e., all types of electric vehicles, such as hybrid HEV, plug-in 
hybrid PHEV, and full EV) and energy storage systems (ESSs) [3-5]. According to a 
recent market forecast of rechargeable batteries conducted by the LG Economic Research 
Institute (Figure 1.1), the markets for xEVs and ESSs are expected to grow exponentially, 
and it has been predicted that more than 80% of the LIB market in 2020 will be 
attributable to these new application sectors [5]. Since the electricity and transportation 
sectors contribute 60% of the greenhouse gas emission in the U.S., there is no doubt that 
extensive effort will be devoted to enhancing applications of electric vehicles and energy 
storage systems [6]. With the emerging markets’ demands on large-scale applications, the 
direction of research and development of LIBs is to pursue higher energy and power 
densities. Long-term stability, low cost, and safety will be still critical factors for the 
commercialization of large-scale applications [3]. 
 In the market of electric vehicles, the performance requirements of batteries 
depend on the types of xEVs. Figure 1.2 shows that the batteries of EVs without gasoline 
backup require the highest energy density among xEVs, while HEVs and PHEVs are 
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driven mainly by internal combustion engines with the batteries having a supporting role. 
Thus, in order to expand the market of EVs, it is critically important to increase the 
energy density of the batteries further, enabling comfortable, extended-range driving. 
 
Figure 1-1. A market forecast of rechargeable batteries in the future [5]. 
 
 
Figure 1-2. Power and energy density requirements of LIBs for xEVs and mobile applications [5]. 
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 Although there has been significant progress in Li-ion battery technology, barriers 
and challenges still remain in many aspects in order to satisfy the requirements of EVs. 
Table 1.1 shows the typical performance characteristics of various battery systems used 
in EVs and the United States Advanced Battery Consortium (USABC)’s goals for 
advanced EV battery systems. There is still a considerable difference between the goals 
and the current specifications for EVs’ battery systems. In particular, significant 
enhancement of the energy density of the battery system is necessary, and this must be 
accomplished without compromising other performance characteristics, such as power 
and lifecycle. 
Table 1-1. Comparison between USABC goals of batteries for EVs and current performance 
characteristics of various battery systems in EVs. 
 EV Goals a EV Lead-acid b 
EV 
Ni-CD b 
EV 
Ni-MH b 
EV 
Li-ion b 
EV 
Li-polymer b 
 
Power density, 
W/L 
 
1000 
 
400-1000 
 
400 
 
430 
 
429 
 
447 
 
Specific power, 
W/kg 
 
470 
 
150-400 
 
225 
 
150 
 
350 
 
315 
 
Energy density 
(C/3), Wh/L 
 
500 
 
90-125 
 
115 
 
165 
 
114 
 
220 
 
Specific energy 
(C/3), Wh/kg 
 
235 
 
35-50 
 
60 
 
68 
 
93 
 
155 
 
Operating 
temperature, °C 
 
-30 ~ +52      
 
Cycle life, 
cycles 
1000 500-1000 2500 600-1200 800 (40 °C) 600 
 
Calendar Life, 
years 
15      
 
Selling price @ 
100K units, 
$/kWh 
 
125      
a USABC goals for advanced batteries for EVs, System level (CY 2020 commercialization). 
b Typical performance values described in [7]. Values are dependent on the manufacturer. 
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PRINCIPLES, CURRENT STATUS, AND FUTURE DIRECTION 
 A battery system is made of an array of electrochemical cells that are connected in 
series or parallel (or both), depending on the desired output voltage and capacity; the 
cells are connected in series for higher voltage, and they are connected parallel for higher 
capacity and current capability [7]. An individual cell consists of a negative electrode and 
a positive electrode separated by an ionic conducting electrolyte. A thin, porous separator, 
which is an electronically-insulating material, prevents short-circuiting of the cell by 
separating the two electrodes, while allowing the flow of ionic charges. Figure 1.3 
illustrates the discharge process that takes place in a Li-ion battery to produce electric 
energy.  
 
Figure 1-3. A schematic illustration of the discharge process in a lithium ion battery [1]. 
 
 When the battery is being discharged, i.e., used a source of energy, Li-ions are 
released from the negative electrode (anodic reaction; oxidation, loss of electrons), and 
are inserted into the positive electrode (cathodic reaction; reduction, gain of electrons); a 
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concomitant transfer of electrons take places from the negative to the positive electrode 
through an external circuit to ensure that charge neutrality is conserved. The 
electrochemical redox reactions of a C/LiMO2 battery system (M = transition metals such 
as Mn and Co, C = graphite materials) are described below. 
Negative electrode: LixC6 → C6 + xLi+ + xe- (anodic reaction; oxidation) 
Positive electrode: Li1-xMO2 + xLi+ + xe- → LiMO2 (cathodic reaction; reduction) 
Overall reaction: LixC6 + Li1-xMO2 → LiMO2 + C6 
  
When the battery is being charged, the opposite reaction (intercalation of Li-ions 
into the negative electrode) occurs in the cell. Although an anode is defined as an 
electrode at which an oxidation reaction occurs (i.e., a negative electrode during when the 
battery is discharging and a positive electrode when it is being charged), it is common 
among those in the electrochemistry field to refer to the anode as the negative electrode. 
 The open-circuit voltage (Voc) of the cell is defined as the difference between the 
chemical potential of the anode (μa) and the chemical potential of the cathode (μc):  
𝑉𝑜𝑜 = (µa − µc)𝑒  
where e represents the charge during the electrochemical reaction. This voltage is limited 
by either the electrolyte window (Eg) or the top of the anion-p bands of the cathode [8]. 
As illustrated in Figure 1.4, the electrolyte window refers to the energy gap between a 
liquid electrolyte’s the lowest unoccupied molecular orbital (LUMO) and its highest 
occupied molecular orbital (HOMO). Reduction of the electrolyte occurs when the 
electrochemical potential of the anode (μa) is located above the LUMO of the electrolyte. 
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In a similar way, oxidation of the electrolyte occurs when the electrochemical potential of 
the cathode (μc) is below the HOMO of the electrolyte. In typical cathodes, such as 
layered oxides (LiMO2), the voltage is limited by the top of the O-2p bands because it is 
located at approximately 4.0 eV below μ(Li), which is higher than the HOMO of the non-
aqueous electrolyte that typically is used in Li-ion batteries (~4.3 eV below μ(Li)) [8]. In 
the case of anodes, such as graphite and silicon, the electrochemical potential of the 
anode (μa) inevitably is positioned above the LUMO of the electrolyte, resulting in the 
reduction of the electrolyte. Fortunately, this reduction reaction does not proceed 
significantly after the 1st cycle, due to the formation of a passivating layer. However, 
further reduction of the electrolyte is allowed if an intact SEI layer is damaged or broken 
down during cycling. 
 
Figure 1-4. A schematic energy diagram of a lithium-ion cell at open circuit condition. 
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 Depending on the capacity of the electrode material and the extent of its operating 
potential, we can determine the specific energy density (Wh/kg), which is defined as the 
product of the battery’s voltage (V) and the capacity (Ah/Kg) of the electrode. This term 
is closely related to the driving distance of an electric vehicle. The volumetric energy 
density (Wh/L) is an important factor considering the limitation of the space available for 
the battery pack in EVs. Currently, the energy density of a battery is mainly governed by 
the capacity of the cathode; an increase of 57 per cent in the energy density of a battery 
can be achieved by simply doubling the capacity of the cathode, while the capacity of the 
anode needs to be increased by a factor of ten to get a similar increase in energy density 
(47 per cent) of the battery [3]. Thus, the extensive effort to increase the energy density 
of the battery system has been focused on the development of cathode materials that 
exhibit high specific/volumetric capacities as well as high reaction voltage within the 
electrochemical stability range of the electrolytes [5]. Table 1.2 lists typical cathode 
materials in Li-ion batteries that are used in many applications, including EVs. Starting 
with the lithium cobalt oxide (LiCoO2) developed and commercialized by Sony in the 
1990s, the first generation of cathode materials, which includes LiCoO2 (LCO) and 
LiMn2O4 (LMO), is still used today in Li-ion batteries for various applications. Due to its 
high structural stability, good rate capability, and excellent cyclability, LCO has been 
used extensively, and it is still the main cathode material in commercial batteries. 
However, cobalt (Co) is relatively expensive and toxic, compared with manganese (Mn) 
and iron (Fe). In addition, the instability of the structure of LCO structure can result in 
severe degradation of the material and even explosions in the battery system [1]. With the 
increasing demands for lower cost and better safety, researchers have lost interest in LCO 
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and have turned to the spinel LMO material. LMO is highly attractive in terms of low 
cost, good safety, non-toxicity, good stability, and its excellent rate capability. In spite of 
its relatively low capacity and poor lifecycle at elevated temperatures, this material is 
considered to be a good candidate for the cathode of batteries in many applications, 
including xEVs, because of its low cost and good safety. The cost and safety issues are 
the most important criteria in large-scale applications, since the sizes of the batteries are 
larger. The problems of dissolution and structural instability associated with LMO have 
been improved significantly by surface modification and substitution, enabling this 
compound to be used in commercial xEVs. Another type of cathode is lithium iron 
phosphate (LiFePO4), which was introduced at the end of the 1990s [4]. Olivine LiFePO4 
(LFP) has a crystalline structure with interstitial sites, allowing one-dimensional diffusion 
pathways for lithium ions. Thus, it exhibits poorer intrinsic ionic conductivity as well as 
electronic conductivity than layered (LCO) and spinel (LMO) structures. Nevertheless, 
LFP has attracted the attention of researchers due to its low cost, low toxicity, excellent 
safety, and good cyclability [11]. With rising concerns about the safety of batteries, it is 
still considered to be an attractive cathode, since the release of oxygen from the active 
material is inhibited due to the strong bond of P-O in phosphate in the case of exposure to 
abnormal conditions, ensuring safe operation [5]. In addition, it is much less thermally 
active with electrolytes than other cathodes [4]. Currently, LFP is a commercial material 
with a capacity close to the theoretical value, and it has excellent rate capability; its 
disadvantages have been overcome by doping with other elements, coating with an 
electronic/ionic conductive layer, and reducing the sizes of the particles [11].   
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Table 1-2. Comparison of various cathode materials used in Li-ion batteries [1, 9, 10, 11]. 
 2D-Layered LiCoO2 
3D-Spinel 
LiMn2O4 
1D-Olivine 
LiFePO4 
2D-Layered 
NCA 
2D-Layered 
NMC 
Theoretical 
capacity, Ah/Kg 
 
145 148 170   
Practical capacity, 
Ah/Kg 135-140 100-120 140-170 180-200 160-170 
 
Tap density a, 
Kg/L 
 
2.6-3.0 1.8-2.4 0.8-1.4   
Average potential,  
V vs. Li/Li+ 
 
3.9 4.1 3.45 3.8 3.8 
Energy density b, 
Wh/kg 
 
546 410-530 518-587 680-760 610-650 
Cycle life 500-800 1000-1500 > 3000   
Cost High Low Low Fair Fair 
 
Features 
 
High 
electronic/ionic 
conductivity 
 
Toxic Co 
 
Simple process 
 
 
High 
electronic/ionic 
conductivity 
 
Moderate safety 
 
Several capacity 
fade at high T 
 
Simple process 
 
 
Low 
electronic/ionic 
conductivity 
 
Excellent safety 
 
Very slow 
reaction with 
electrolyte 
 
Complex 
process 
 
 
 
High cost of Ni and Co 
 
Moderate safety 
 
Slow reaction with 
electrolyte 
 
 
 
 
a The tap density is a measure of the volume fraction of active particles in a cell. 
b Practical values.  
 
LiNi0.8Co0.15Al0.05O2 (NCA) and LiMn1/3Ni1/3Co1/3O2 (NMC) cathodes have 
emerged as second generation of cathode materials in Li-ion batteries [4]. As shown in 
Table 1.2, these layered materials provide relatively higher energy densities than the first-
generation materials. The good power density and the high energy density make them for 
use in electric vehicles. NCA was developed in an attempt to supplement the structural 
and thermal stability of the LiNiO2 material, and it is commercially available now [5, 9]. 
However, there are still problems related to safety and cost; the safety concern still exists 
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due to the release of oxygen at overcharge conditions, and the cost of production cost is 
still high [5]. The NMC cathode exhibits better rate capability and stability than the NCA 
cathode. NMC is replacing LCO gradually because of its high specific capacity, enhanced 
rate capability, and excellent cycleability [5]. Similar to NCA, the safety and cost issues 
associated with NMC needs to be resolved further before it could be deemed to be 
suitable for large-scale applications [9]. 
Nowadays, new cathode materials for future-generation Li-ion batteries are being 
studied in an attempt to achieve higher energy densities. Promising cathode materials 
include high-voltage spinel, high-capacity/high-voltage layered oxide, and high-
voltage/high-capacity polyanion cathodes [10]. Table 1.3 summarizes the technical 
challenges that must be overcome before these new materials can be considered to be 
viable candidates for use as cathodes. 
Table 1-3. Various cathode materials with high-voltage and high-capacity [4, 5, 10, 12]. 
Materials Voltage (V) Capacity (mAh/g) Main issues 
Spinel 
LiMn1.5Ni0.5O4 
 
~ 4.7  ~ 147  
• Formation of a Ni1-xLixO impurity 
phase and chemical instability of the 
interface at high voltage 
Layered 
[Li2MnO3]x[LiMO2]y 
 
~ 4.5 
  
~ 250  
 
• Irreversible capacity loss of 40-100 
mAh/g in the first cycle 
• Poor rate capability 
Olivine 
LiMnPO4 
LiCoPO4 
LiNiPO4 
 
~ 4.1  
~ 4.8  
~ 5.2  
~ 167 
• Low electronic and ionic 
conductivity 
• Significant side reactions at high 
voltage 
Orthosilicates 
Li2FeSiO4 
Li2MnSiO4 
 ~ 330  
• Difficulty in synthesizing phase-
pure material 
• Low electronic conductivity 
  
Since the capacity of commercial batteries is currently limited by the capacity of 
the cathode, significant effort has been directed toward improving the cathode to enhance 
its voltage and capacity. Despite the fact that the cathode has a significantly higher 
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impact than the anode in increasing the energy density of the cell, alternatives to graphite 
anodes still need to be identified in order to provide new opportunities for the 
commercialization of advanced Li-ion batteries that are suitable for large-scale 
applications. Current and promising anodes for Li-ion batteries can be categorized into 
three different types according to their energy storage mechanisms, i.e., intercalation-
based, alloying reaction-based, and conversion reaction-based materials [5].  
The intercalation-based anodes include natural graphite, artificial graphite, and 
Li4Ti5O12 (LTO). Among the carbon materials (theoretical capacity 372 mAh/g), natural 
graphite (NG) is one of the most extensively used. While natural graphite is attractive in 
terms of its cost, artificial graphites, including hard carbons (HCs) have attracted 
significant attention because they have higher capacity and rate capability than natural 
graphite [5]. The graphite materials have an operating voltage close to that of Li/Li+, 
resulting in the decomposition of the electrolyte in the first cycle. As a consequence, an 
irreversible capacity loss (~10%) occurs by forming a passivating layer on the surface of 
the graphite. Since graphite materials exhibit high irreversible capacity loss, lithium 
plating/dendrite formation, and safety hazards, LTO (especially, nanostructured LTO) has 
emerged as a potential candidate for use as an anode material, because it provides 
excellent safety, rate capability, and cyclability. LTO has a volumetric change of less 
than 0.2%, which is superior to that of graphite (10% volume expansion/contraction), 
thereby guaranteeing structural stability during long-term cycling. However, its low 
capacity (175 mAh/g) and its high operating voltage (1.5 V vs. Li/Li+) limit its use for 
large-scale applications. 
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 With the significant progress in research and development on alloying reaction-
based anodes, it is believed that this type of material is the most promising alternative to 
graphite anodes. In particular, considerable research and assessment efforts have been 
directed at tin-based (Sn-based) and silicon-based (Si-based) materials for high-capacity 
anodes [12]. A pure Si anode has an extremely high theoretical capacity of 4200 mAh/g, 
while a pure Sn anode possesses a theoretical capacity of only 960 mAh/g [12]. More 
importantly, Si is much more abundant than Sn. Some of these materials are favored 
because they are safer than others, and they have operating voltages above that of Li/Li+, 
thereby avoiding lithium plating [10]. The major issue with the alloying reaction-based 
anodes is the huge volume change that occurs during alloying/de-alloying process, 
destroying the integrity of the active material. As a result, severe loss of capacity occurs 
within a few cycles. Several approaches have been considered to overcome the problems 
induced by very large expansions and contractions of volume, i.e., (1) the synthesis of 
nano-sized metal particles, (2) the addition of a buffer phase into metals, and (3) the use 
of an appropriate binder. Various Sn/C, Sn/M/C, (M = Ti, V, Cr, Mn, Fe, or Co), SnO2, 
SnO2/C, and Si/C composite materials are being studied based on the above strategies as 
an effort to identify materials suitable for use as advanced anodes in Li-ion batteries with 
high energy density. 
Conversion reaction-based materials are usually made of nanoparticles of 
transition metal oxides (MO, where M is, e.g., Co, Ni, Cu, Fe, or Mn). In spite of the high 
capacity of these materials (600-1200 mAh/g), severe barriers still prevent them from 
being a potential candidate for anodes in Li-ion batteries [4, 5, 12]. 
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Diverse efforts are underway in the academic and industrial communities looking 
beyond Li-ion battery technology, including Li-based batteries (Li-S and Li-air) and non-
Li-based batteries (Zn-air, Mg/S, and Ni-ion batteries), which might provide new 
opportunities for enhancing the future of battery technology. 
 
DEGRADATION MECHANISMS OF Li-ION BATTERIES 
 The success of the commercialization of large-scale applications, such as electric 
vehicles (xEVs) and energy storage systems (ESSs), not only depends on increases in 
energy and power densities but also enhanced lifecycle of a battery. While portable 
devices require battery cells that can operate well for at least 3-4 years (equivalent to 
about 500-1000 cycles), the life of Li-ion batteries for xEVs and ESSs should be reach 
over 3000 cycles and at least 10 years [5]. However, the reliability of Li-ion batteries in 
terms of long lifetime and safety becomes more problematic, especially in xEVs and 
ESSs since the battery system can be exposed to diverse environments, e.g., extremely 
low and high temperatures, voltages, and currents, which could accelerate the degradation 
of the battery. Extreme conditions can occur over time, resulting in the significant 
deterioration of the battery’s power capability and useful capacity. As systematically 
described by Vetter et al., the processes of the battery’s degradation (i.e., decreasing 
capacity and power) have several causes, some of which can interact with others, 
exacerbating the situation. Since these causes and their interactions depend on many 
factors, it is difficult to predict precisely the degradation of the battery. The complexity 
and interdependence of the degradation mechanisms of the battery was illustrated nicely 
by C. Birkl, as shown in Fig. 1.5. [14].  
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Figure 1-5. A schematic illustration of various degradation mechanisms that occur in a Li-ion 
battery [14]. 
 
 Based on the fact that the degradation mechanisms are strongly dependent on the 
materials for the anode and cathode as well as the electrolytes used, the degradation 
mechanisms that are introduced in this section are presented with a general perspective in 
mind. Basically, the origins of degradation mechanisms can be either chemical or 
mechanical processes, and they can occur in three different regions, i.e., the active 
material, the composite material, and the electrode/electrolyte interface [13, 15]. Since 
the electrode/electrolyte is known as the most important component in a Li-ion battery 
and is the subject of this dissertation, this topic is addressed separately in the section 
below [13, 15, 16]. 
 The typical problems in active materials are mainly attributed to structural 
changes, cracking, and loss of active materials. For instance, graphite undergoes ~10% of 
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expansion/contraction in volume during cycling, which can induce mechanical stress on 
defects and C-C bonds. In addition, solvent co-intercalation and gas evolution can 
contribute to mechanical stress on graphite particles, resulting in cracking or related 
structural damage (such as graphite exfoliation/delamination). The structural damage 
leads to the exposure of new graphite surfaces so that more decomposition of the 
electrolyte occurs to form a passivating layer by consuming additional lithium ions. 
Eventually, these lead to losses in capacity due to the loss of the active material and the 
loss of lithium.  
Similar processes also occur at the cathode. Phase transitions and intercalation-
induced structural changes can lead to distortion of the crystal lattice and additional 
mechanical stress [13]. Also, the dissolution of the transition metal that occurs at the 
cathode is closely related to the structural instability of the active material. A 
representative example is the LiMn2O4 (LMO) material. LMO undergoes structural 
changes and the dissolution of Mn due to the Jahn-Teller distortion of Mn3+ and a 
disproportionation reaction (2Mn3+ → Mn4+ + Mn2+), respectively, at a low state of 
charge. It is evident that the Jahn-Teller distortion causes severe structural changes; the 
inhomogeneity of a crystal structure developed by the Jahn-Teller distortion leads to 
microscopic cracks in the particles as well as the degradation of the crystallinity of LMO 
[5]. Although the spinel structure of LMO does not change due to the dissolution of Mn, 
it is known that the vacant manganese sites due to this dissolution are replaced by lithium 
ions, thereby forming a disordered, lithium-rich spinel or a defective spinel with Mn4+ 
(such as Li2MnO3 and Li4Mn5O12) [11, 13]. At the medium to high charge state (i.e., the 
delithiated state), thermodynamic instability of the delithiated lithium manganese spinel 
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takes place, and the dissolution of manganese ions is caused by reaction with 
hydrofluoric acid (HF) [13]. As a consequence, a considerable loss of capacity and power 
occurs due to the loss of the active material that originates mainly from the dissolution of 
the transition metal. 
 Another reason for the degradation of the battery degradation is the composite 
electrode. In both the anode and the cathode, the loss of contact in the composite 
electrode results in an increase in cell impedance. Both volume and structural changes 
could lead to change in the porosity of the electrode and contact loss (1) between 
particles of the active material, (2) between current collector and particle, (3) between 
binder and particle, and (4) between binder and current collector [13]. In addition, the 
decomposition of the binder and the corrosion of the current collector induced by 
reactivity with electrolyte, electrochemical potential, and temperature can contribute to 
the degradation of a battery, leading to loss of electronic/mechanical contact between the 
current collector and the active material. Finally, gas evolution due to the electrolyte’s 
decomposition can be partially responsible for cracking of the active material during 
cycling. Figure 1.6 illustrates the degradation mechanisms of cathode materials that are 
discussed here. 
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Figure 1-6. Overview of the degradation mechanisms that occurs at a cathode [13]. 
 
ELECTRODE/ELECTROLYTE INTERFACE: IMPORTANCE, CHEMISTRY, 
AND PROPERTIES 
Among many degradation mechanisms, electrode/electrolyte interfaces that form 
at both anode and cathode are primarily responsible for the losses of capacity and power 
of a battery. It is well known that the electrode/electrolyte interface is associated closely 
with the reversibility of Li-ion intercalation, which determines the kinetics of the cell’s 
overall reactions [17]. 
The anode/electrolyte interface, known as the solid electrolyte interphase (SEI), 
has been a topic of interest during the past decade. In spite of extensive efforts, many 
issues are still being debated, which makes it difficult to understand the nature of the SEI. 
That is why Winter et al. introduced the SEI as “the most important but least understood 
component” in a Li-ion battery [18]. This is probably due to the dynamic nature and 
instability of the SEI layer, which is in contrast to the initial belief that the SEI layer had 
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static and stable properties. Understanding and dealing with interfacial issues are still 
complex and challenging due to the characteristics of the SEI layer and the limited 
number of tools available for in-situ characterization.  
The cathode/electrolyte interface has generated far less interest among researchers 
than the anode/electrolyte interface in spite of its significant effect on the battery’s 
performance. Unlike the SEI layer that forms on the anode, it is doubtful that the surface 
film on the cathode serves as a protective or passivating layer; this is the reason the 
cathode/electrolyte interface is sometimes called the cathode surface layer or the solid 
permeable interface (SPI) [19]. It is known that the cathode interface does not effectively 
protect the cathode from the electrolyte because of the oxidizing environment close to the 
cathode, allowing for a continuous oxidation process at the surface [19]. As a result, it is 
common that the interfacial impedance of the cathode tends to increase as the number of 
cycles increases, and the cathode/electrolyte interface governs the overall impedance of 
the cell at a certain point [20]. In particular, the interfacial impedance of a cell increases 
considerably during cycling at high voltage and high temperature. The increased 
resistance of the cell can reduce the battery’s performance in terms of rapid charge and 
discharge; because of the cell’s resistance, polarization is developed in proportion to the 
current [5]. With the increasing interest in the emergence of 5V-class cathode materials, 
more emphasis will be placed on the cathode/electrolyte interface, which will have a 
critical role in the high-voltage battery system. 
Anode/electrolyte interface  
The SEI layer is formed mainly due to the irreversible reduction and 
decomposition of the electrolyte during the initial few cycles. It is widely accepted that 
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the onset potential of SEI formation is around 0.7 V (vs. Li/Li+). The large irreversible 
loss in capacity that occurs during the first cycle is attributed to the formation of the SEI 
layer. This SEI layer consists of various decomposition products that originate from the 
solvent reduction process, either by one-electron or two-electron transfer, and the salt 
reduction process initiated by anodic polarization [21]. Despite the fact that the reduction 
products depend on the electrode materials, salts, and solvents of the electrolyte, the most 
common species produced from the electrolyte include inorganic, organic, and polymeric 
species, such as LiF, Li2CO3, Li2O, ROCO2Li, (CH2OCO2Li)2, and polyethylene oxide 
(PEO). Details on the possible reduction mechanisms and pathways have been 
summarized well in many articles [17, 21, 22, 23]. The decomposition species form the 
SEI layer, which consists of two distinct layers, i.e., a thin, dense layer of inorganic 
species close to the electrode side and a thick, porous layer of organic and polymeric 
compounds close to the electrolyte side, as shown in Figures 1.7c and 1.7d. According to 
Yan et al. the formation and evolution of the two-layer structure of the SEI layer can take 
place in the following steps: (1) At 1.4 V (vs. Li/Li+), there is no electron transfer 
between the electrode and the electrolyte; only the electrophilic reaction of PF5 with EC 
and DMC molecules might occur, (2) At 1.4-0.55 V, lithium-cation-coordinated EC, 
DMC, and water molecules near the surface of graphite undergo one-electron reduction, 
producing solvated lithium radical cation intermediates, (3) At 0.55-0.2 V, the lithium-
cation-coordinated solvents undergo further one- or two-electron reduction to form initial 
solid species, followed by the reaction of strong HF with the initial species, forming LiF 
and other species, (4) the intercalation of lithium ions into graphite becomes most 
favorable below 0.2 V; solvent molecules cannot get electrons through the electrode due 
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to the passivation layer that is formed. The SEI layer that is formed is believed to be 
ionic-conductive to lithium ions, but not conductive to electrons; thereby, the layer 
kinetically prevents further decomposition of the electrolyte unless it loses its 
effectiveness. Depending on the stability or the effectiveness of the SEI layer that is 
formed, the charge/discharge reversibility that leads to long-term cyclability is 
determined; thus, the properties of the SEI layer should be emphasized.  
 
Figure 1-7. Morphology of the SEI layer that is formed on graphite: (a) TEM image of synthetic 
graphite (Alfa-Aesar) after lithiation to 10 mV and (b) its corresponding mapping of Li 
concentration [24]; (c) TEM image of Timcal SLP-30 graphite after cycling (by L. Liu); (d) a 
proposed schematic illustration of the SEI layer [25]. 
 
The SEI’s morphology, including thickness, porosity, and uniformity, is 
considered to be a key factor in determining whether the SEI layer is effective and robust. 
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The morphology is strongly dependent on the salt, solvent, and graphite materials that are 
used; sponge-like, gel-like, and island-like films have been reported [21]. As illustrated 
by K. Edstrom et al., LiF is believed to distribute extensively throughout the SEI layer as 
a form of isolated crystallites (Fig. 1.7d) [25]. It is known that the SEI layer covers both 
the edge and basal planes of the graphite, as demonstrated by F. Wang et al. using Li 
concentration mapping (Fig. 1.7b). However, the SEI layer formed on the basal planes 
differs from the layer formed on the edge planes; the SEI layer on the basal planes is rich 
in organic compounds and relatively thinner than the SEI layer on edge planes, which 
contains abundant salt-reduction products (such as LiF and Li2CO3) [26]. The SEI layer 
can be described by a 3D-model, as proposed by Besenhard et al. [27]. They suggested 
that lithium-coordinated solvent molecules co-intercalate into the graphene layers to form 
a ternary graphite intercalation compound, and this model is generally accepted in the Li-
ion battery community. 
The thickness of the SEI layer has been a major topic of interest since the kinetics 
of the transfer of Li-ions at the interface is believed to be affected significantly by the 
thickness of the SEI layer. Figure 1.7 shows that the thickness of the SEI layer has been 
observed to be in the range of tens to hundreds of nanometers. The wide range of SEI 
thicknesses is mainly due to 1) the non-uniformity of the SEI (Fig 1.7c); 2) different 
graphites, electrolytes, and cycling; and 3) different measurement techniques. A thicker 
SEI layer increases the interfacial resistance at the anode and, hence, has critical 
influence on rate capability of a battery. Due to increase in the interfacial resistance, the 
available capacity can be reduced. However, recent studies have shown that not only the 
thickness of SEI but also the breakup of the lithium solvation sheath make significant 
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contributions to the diffusion of Li ions across the interface, which affects the interfacial 
impedance. As shown in Figure 1.8, K. Xu et al. claimed that the interfacial impedance, 
known as the combination of the so-called charge transfer and SEI resistance, is 
attributed to the de-solvation process of lithium ions, followed by diffusion/migration of 
the de-solvated Li ions through the SEI layer [28, 29]. Thus, facilitating the breakup of 
the Li-ion solvation sheath at the interface is another important factor in determining the 
kinetics of Li-ion transfer at the interface. It suggests that the composition and structure 
of the SEI should be formed or designed to facilitate the Li-ion de-solvation process in 
order to reduce the interfacial impedance at the anode. 
 
Figure 1-8. A schematic description of Li-ion transfer at the graphite/electrolyte interface [29]. 
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Cathode/electrolyte interface  
Unlike the SEI layer on the anode, the formation of the cathode surface layer does 
not occur during the initial cycles; rather, it tends to proceed gradually as the number of 
cycles increases, especially at high temperatures. Thus, in long-term cycling, the 
interfacial impedance is increased to a far greater extent at the cathode interface than it is 
at the anode interface. As shown in Figure 1.9a, it has been suggested that the cathode 
surface layer consists of organic and polymeric species, rather than inorganic species at 
the innermost part of the layer (close to the electrode), which differs from the SEI layer 
on the anode [30]. This different composition might deteriorate the passivation ability of 
the cathode film, allowing continuous reactions with the electrolyte. As shown in Figure 
1.9b, the cathode surface layer typically ranges from a few nanometers to tens of 
nanometers. In spite of the relatively thin surface film, the impacts of the cathode 
interface on the battery’s performance are very significant, demonstrating that the 
thickness and the morphology (such as porosity and uniformity) are critical to the 
reversibility of Li-ion intercalation. In a recent study, it was suggested that the less-
compact or less-dense surface film that forms without an additive might contribute to 
greater dissolution of Mn [31]. Similar to the SEI layer, the thickness is dependent on the 
number of cycles, temperature, the cathode material, and the electrolyte.  
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Figure 1-9. The surface layer that is formed on LMO cycled at elevated temperatures: (a) A 
schematic model [30] and (b) TEM image [31]. 
 
 While it is generally believed that the cathode film is due to spontaneous reactions 
with the electrolyte, there is still a lack of understanding of the mechanisms involved in 
the formation of the cathode surface layer. Aurbach et al. summarized the possible 
reactions of the LixMOy materials with the electrolyte at the cathode as follows: (1) acid-
based interactions between the LixMOy and HF, (2) nucleophilic attack of the 
electrophilic alkyl carbonate molecules by oxygen ions on the transition metal oxide, (3) 
surface-induced polymerization of cyclic alkyl carbonates to polycarbonates, and (4) 
redox reactions with the species in solution [32]. 
 
DEGRADATION OF THE ELECTRODE/ELECTROLYTE INTERFACE 
Instability of the SEI layer: Chemical aspects 
Since the graphite anode operates beyond the thermodynamic stability window of 
the electrolyte, further electrolyte decomposition can occur unless the SEI layer is stable.  
The initially accepted belief, i.e., that the SEI layer that is formed during initial cycles is 
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stable and maintains its passivation effect during prolonged cycling, is now largely 
discredited among many researchers. Rather, the parasitic reactions between the 
electrolyte and the electrode are ongoing during long-term cycling at a lower extent and 
at a lower rate, as demonstrated by the Dahn group using their high-precision coulometry 
technique [33]. The degradation of the SEI is attributed mainly to the chemical instability 
of the layer. As illustrated in Figure 1.10, the chemical degradation of the SEI layer does 
not originate from one single source, but from a number of processes and their 
interactions. Because of this, the SEI layer does not retain its original properties, which 
might be desirable for Li-ion transfer, and it is converted into a chemically-degraded or 
defective SEI layer. To date, the main causes of the degradation of the SEI are elevated 
temperatures and the deposition of transition metal ions, especially manganese.      
 
Figure 1-10. The degradation mechanisms that occur at the graphite/anode interface [13]. 
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 At elevated temperatures, the chemical instability of the SEI layer is pronounced, 
leading to additional decomposition of the electrolyte. As summarized in Table 1.4, it 
seems that SEI dissolution and growth occur simultaneously at elevated temperatures.  
Table 1-4. SEI Growth or dissolution phenomena at elevated temperatures. 
Techniques Cells 
Growth 
Vs. 
Dissolution 
Observation Ref 
XPS Li/C  Growth After storing at 60 ºC for 7 days, the intensity of the graphite decreased 34 
EIS Li/C  Growth After 8 days at 70 ºC storage, the film resistance increased  35 
HRTEM Li/C  Growth After 1st cycle at 40 ºC, followed by 3 cycles at 20 ºC, thicker SEI layer was observed 36 
XPS/FTIR MCMB  Growth After 4, 7, 10 days at 85 ºC storage, more decomposition products and the thicker surface film were observed 37 
DSC Li/C  Dissolution The temperature-induced degradation of the SEI layer occurred first at 120-140 ºC 38 
In-situ 
AFM Li/HOPG Dissolution 
After 12h storage at high temperatures, the thickness of the 
SEI layer increased at 45 and 60 ºC, but decreased at 80 ºC 39 
C80 
calorimeter Li/C  Dissolution 
The metastable compounds in SEI film broke down when the 
temperature reached 61 ºC 40 
IR 
microscopy LNCO/C  Dissolution 
After cycling the cell at 70 ºC for 2 weeks, IR spectroscopy 
detected no SEI remaining on the anode surface 41 
 
It is believed that some of the SEI’s species are dissolved thermally, decomposed, 
or converted; thereby, a portion of the anode’s surface can be exposed locally to the 
electrolyte, so that additional formation of the SEI layer can contribute to its growth [34-
41]. For instance, it has been reported that metastable organic SEI species, such as 
lithium alkyl carbonates, can be transformed to more stable inorganic species, such as 
Li2CO3 and LiF, at elevated temperatures. In addition, it has been suggested that the 
increased acid compounds, such as HF, can react with some of SEI species, forming other 
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SEI species. Because of these reactions, the SEI layer eventually grows, and the 
accumulated SEI species can decrease the pore size in the SEI layer, which contributes to 
a sluggish Li-ion transfer at the interface [21]. Conversely, low temperatures cause 
different types of parasitic side reactions, such as lithium plating and dendrite growth, 
possibly due to the sluggish diffusion of Li ions or trapped solvated Li ions at the 
interface between the anode and the electrolyte [13, 21].  
 Another origin of SEI instability is the transition metal ions that are dissolved 
from the cathode. The dissolved metal ions are transported to the anode where they 
deposit as various forms of chemical compounds, influencing both the chemical 
degradation of the SEI layer and the self-discharge of the lithiated graphite. The 
deposited metal ions might modify the original SEI layer to a defective SEI layer that 
cannot suppress further decomposition of the electrolyte. A representative example is the 
dissolved manganese ions that are released from the LMO cathode. Figure 1.11 shows 
that the Mn nanoparticles exist on the basal plane of the graphite and are surrounded by 
the SEI layer. These Mn nanoparticles can serve as a catalyst to accelerate the 
decomposition of both the SEI layer and the electrolyte [42, 44]. Although no agreement 
has been reached regarding the chemical state of the deposited Mn compounds, it seems 
that metallic Mn nanoparticles, MnF2, and Mn oxides could be deposited on the anode, as 
shown in Figure 1.11c. As a consequence, the deposited metal compounds can hinder the 
reversibility of Li-ion intercalation. 
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Figure 1-11. TEM images of the deposited Mn compounds on the graphite anode: (a) randomly 
distributed Mn nanoparticles, (b) Mn nanoparticles covered by the SEI layer, and (c) MnF2 
nanoparticles and metallic Mn nanoparticles on the surface of the graphite and a Mn nanoparticle 
inside the graphite [42, 43]. 
 
Instability of the SEI layer: Mechanical aspects  
 There have significantly fewer studies conducted to understand the mechanical 
degradation of the SEI layer than there have been to study its chemical degradation. This 
is not because it is of less importance; rather, it is because there has been less interest in 
the mechanical instability of the SEI layer than in the cracks or fractures of electrode 
particles, and there has been a lack of understanding of the mechanical degradation of the 
SEI layer. With the increasing interest in high-energy density anodes, such as Si, Co3O4, 
and SnO2, many researchers are focusing their attention and their research on the 
mechanical degradation of both the anode and the SEI layer, because these types of 
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anodes undergo severe mechanical degradation resulting from lithiation-induced volume 
expansion and electrode pulverization. Repetitive volume changes during 
lithiation/delithiation are expected to cause fatigue stresses of both the anode and the SEI 
layer, which lead to fractures or cracks of both the anode and the SEI layer. The 
mechanical degradation induced by cracks or fractures in the SEI layer and the anode is 
closely coupled with the chemical degradation of the SEI, since additional decomposition 
of the electrolyte occurs on the exposed surface of the graphite through cracks or 
fractures, which results in additional loss of capacity.  
 It is believed that the SEI layer and the SEI/graphite region are affected 
significantly by the generation of stress. It has been reported that compressive and tensile 
stresses occur at anodes, such as graphite and Si materials, during lithiation and 
delithiation, respectively [45, 46]. The development of these stresses is associated mainly 
with the formation of the SEI layer and related phenomena, which can lead to the 
mechanical disintegration or mechanical instability of the SEI layer [46-48]. 
Mukhopadhyay et al. explained the generation of compressive stress during the formation 
of the SEI layer by using a nucleation-growth mechanism, as shown in Figure 1.12. The 
stress in the SEI layer is in the range of 218 MPa to 1 GPa, based on the assumption of 
the SEI layer that is approximately 100 nm thick [46-48]. These values are relatively high 
for the SEI layer that consists of soft organic/polymeric species and stiff inorganic 
components; thereby, large compressive stress in the layer can lead to buckling and 
delamination failures [47]. In addition, the observation that partial delamination of the 
graphite anode that occurs near the SEI/graphite interface also supports the conclusion 
that stress is localized largely in the SEI/graphite region, where there is a high possibility 
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of mechanical damage [49]. The gas evolution during the formation of the SEI layer also 
can contribute to the mechanical instability of the SEI layer. 
 
Figure 1-12. A schematic illustration of the formation of the SEI layer and the concomitant 
compressive stress that is generated in the SEI layer: (a) thin film electrode and (b) a particle of 
the graphite anode [47]. 
 
Instability of the cathode/electrolyte interface 
 Although the current cathode materials operate at potential voltages that are 
within the thermodynamic stability limits of the electrolytes, there has been significant 
evidence that cathode materials undergo spontaneous reactions with solvents, salts, and 
impurities, such as HF, indicating the instability of the cathode/electrolyte interface. This 
is why the formation of the surface film on the cathode tends to increase as the number of 
cycles and the storage time increase. At room temperature, the kinetics of the reactions on 
the surface of the cathode proceed at a slow rate and to a low extent. However, at 
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elevated temperatures, the kinetics of the reactions are accelerated, and the instability of 
the cathode/electrolyte interface becomes significant, leading to a considerable increase 
in the thickness of the surface layer, followed by an increase in the interfacial resistance 
at the cathode. The mechanisms by which the surface layer is formed remain less clear 
than those of formation of the SEI layer at the anode. This is because various processes 
are involved and interacted with each other during the formation of the surface layer at 
the cathode. For instance, the formation of the layer that forms on the LiMn2O4 cathode 
involves the following coupled reactions: (1) reactions of LiPF6 decomposition products 
driven by the disproportionation process at the lithiated state, (2) electrolyte oxidation 
reaction coupled to insertion of Li ions at the delithiated state, and (3) electrolyte 
oxidation reaction coupled to a loss of oxygen from the spinel structure at the delithiated 
state [50]. The oxidation of the electrolyte at the surface of the cathode can be facilitated 
as a consequence of these coupled reactions, although the cathode operates within the 
thermodynamic stability limits of the electrolytes. 
 With increasing interest on high voltage cathodes, such as LiCoPo4 (4.8 V), 
LiNiPO4 (5.1 V), LiCoPO4F (4.9 V), and LiNi0.5Mn1.5O4 (4.6 V), the issue regarding the 
instability of the cathode/electrolyte interface, which is an important problem, must be 
addressed further on the basis of the general consensus concerning the oxidative 
decomposition of the electrolyte above 4.5 V. 
 
 SCOPE OF THIS DISSERTATION 
 The aim of this dissertation was to elucidate the degradation mechanisms at the 
electrode/electrolyte interfaces in Li-ion batteries in order to understand how the 
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degradation processes at the interfaces are correlated with the loss of capacity and power 
in a battery. In particular, various degradation mechanisms of the electrode/electrolyte 
interfaces occurring at elevated temperatures were investigated and proposed using 
various experimental techniques and atomistic simulation tools.   
 The chemical instability of the SEI layer induced by elevated temperatures is 
discussed in Chapter 2. The degradation of the SEI layer at elevated temperatures was 
demonstrated based on the observations of changes in the thickness and chemical 
composition of the SEI layer and changes in the interfacial impedance at the anode. The 
mechanisms of SEI growth at elevated temperatures were suggested based on the results 
of electrochemical impedance spectroscopy (EIS). Chapter 3 describes the chemical 
degradation of the SEI layer induced by dissolved manganese ions, which was thoroughly 
investigated by artificially introducing soluble Mn ions into the electrolyte. In order to 
gain in-depth understanding of the influence of dissolved Mn ions on the degradation of 
the SEI, the chemical composition and the thickness of the SEI layer were determined 
using X-ray photoelectron spectroscopy (XPS) and atomic force microscopy (AFM). 
Deposited manganese compounds in the SEI layer were identified, and a possible 
deposition/reaction mechanism was proposed to explain the existence of dissolved 
manganese ions at the graphite/electrolyte interface. In Chapter 4, the mechanical aspects 
of the SEI layer are addressed; the elastic properties of the SEI layer were measured in 
the PeakForce QNM mode using AFM, and the elastic properties of individual SEI 
species were evaluated using atomistic simulations. The inhomogeneity of Young’s 
moduli observed in the SEI layer was explained based on the results of atomistic scale 
simulations. It was determined that the elasticity of the SEI layer depended on its 
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component and microstructure (i.e., crystallinity). The influence of one of the electrolyte 
additives, i.e., fluoroethylene carbonate (FEC), on the anode and cathode interface is 
discussed in Chapter 5. The performances of the batteries with graphite/Li and LMO/Li 
half-cells were assessed at elevated temperatures, and the thermal stability of the 
electrode/electrolyte interface was investigated using electrochemical testing and several 
characterization tools. The adverse effects of FEC on the cathode interface were observed, 
and possible mechanisms were proposed for the formation of the surface layer at the 
cathode induced by the addition of FEC. In Chapter 6, the influence of dissolved Mn ions 
on the structural degradation of graphite is addressed. Structural changes (such as, 
average interlayer space in graphite and surface structural disordering in graphite) that 
were caused by the dissolved Mn ions were examined using X-ray diffraction (XRD) and 
Raman spectroscopy. As a complementary tool, density functional theory (DFT) 
calculations were performed using the Vienna ab-initio simulation package (VASP) to 
predict changes in the lattice parameters of graphite when Mn ions were intercalated. 
Chapter 7 summarizes the main results of the research that was conducted for this 
dissertation and provides suggestions for future research. 
 
 
 
 
 
 
 
 
 
 
 35 
 
BIBLIOGRAPHY 
[1] H. TAO, Z. Feng, H. Liu, X. Kan, and P. Chen, TOMSJ, 5, 201 (2011). 
[2] The U.S. Department of Energy website, http://energy.gov/eere/fuelcells/fuel-cell-
technology-challenges (accessed Feb. 6, 2015). 
[3] J. M. Tarascon, Phil. Trans. R. Soc. A, 368, 3227 (2010).  
[4] V. Etacheri, R. Marom, R. Elazari, G. Salitra, and D. Aurbach, Energy Environ. Sci., 
4, 3243 (2011). 
[5] T. Kim, J. Park, S. Chang, S. Choi, J. Ryu, and H. Song, Adv. Energy Mater., 2, 860, 
(2012). 
[6] The EPA United States Environmental Protection Agency website, 
http://www.epa.gov/climatechange/ghgemissions/sources.html (accessed Feb. 8, 2015). 
[7] M. M. Thackeray, Encyclopedia of Energy, 1, 127, (2004). 
[8] J. B. Goodenough, and K. Park, J. Am. Chem. Soc., 135, 1167 (2013). 
[9] R. J. Brodd, Batteries for sustainability: Selected entries from the encyclopedia of 
sustainability science and technology, Springer, New York, 2013, Chapter 2, pp 10-12. 
[10] A. Manthiram, J. Phys. Chem. Lett., 2, 176 (2011). 
[11] O. Park, Y. Cho, S. Lee, H. Yoo, H. Song, and J. Cho, Energy Environ. Sci., 4, 1621 
(2011).  
[12] J. Chen, Materials, 6, 156 (2013). 
[13] J. Vetter, P. Novak, M.R. Wagner, C. Veit, K.C. Moller, J.O. Besenhard, M. Winter, 
M. Wohlfahrt-Mehrens, C. Vogler, and A. Hammouche, J. Power Sources, 147, 269 
(2005). 
[14] The website of Energy and Power Group at University of Oxford, 
http://epg.eng.ox.ac.uk/content/degradation-lithium-ion-batteries (accessed Feb. 12, 
2015). 
[15] A. Barre, B. Deguilhem, S. Grolleau, M. Gerard, F. Suard, and D. Riu, J. Power 
Sources, 241, 680 (2013). 
[16] J.M. Tarascon and M. Armand, Nature, 414, 359 (2001). 
[17] K. Xu, Chem. Rev., 114, 11503 (2014). 
[18] M. Z. Winter, Phys. Chem., 223, 1395 (2009).  
 36 
 
[19] P. B. Balbuena and Y. Wang, Lithium-ion batteries: Solid-Electrolyte Interphase, 
Imperial College Press, London, 2004, Chapter 8, pp 337-364. 
[20] Y. Zhang and C. Wang, J. Electrochem. Soc., 156, A527 (2009). 
[21] V. A. Agubra and J. W. Fergus, J. Power Sources, 268, 153 (2014).  
[22] P. Verma, P. Maire, and P. Novak, Electrochim. Acta, 55, 6332 (2010). 
[23] J. Yan, B. Xia, Y. Su, X. Zhou, J. Zhang, and X. Zhang, Electrochim. Acta, 53, 7069 
(2008). 
[24] F. Wang, J. Graetz, M. S. Moreno, C. Ma, L. Wu, V. Volkov, and Y. Zhu, ACS nano, 
5, 1190 (2011). 
[25] K. Edstrom, M. Herstedt, and D. Abraham, J. Power Sources, 153, 380 (2006). 
[26] E. Peled, D. Golodnitsky, A. Ulus, and V. Yufit, Electrochim. Acta, 50, 391 (2004).  
[27] J. O. Besenhard, M. Winter, J. Yang, and W. Biberacher, J. Power Sources, 54, 228 
(1995). 
[28] K. Xu, J. Electrochem. Soc., 154, A162 (2007). 
[29] K. Xu, A. Cresce, and U. Lee, Langmuir, 26, 11538 (2010). 
[30] T. Eriksson, A.M. Andersson, C. Gejke, T. Gustafsson, and J.O. Thomas, Langmuir, 
18, 3609 (2002). 
[31] X. Zuo, J. Wu, C. Fan, K. Lai, J. Liu, and J. Nan, Electrochim. Acta, 130, 778 (2014). 
[32] D. Aurbach, B. Markovsky, G. Salitra, E. Markevich, Y. Talyossef, M. Koltypin, L. 
Nazr, B. Ellis, and D. Kovacheva, J. Power Sources, 165, 491 (2007). 
[33] A. J. Smith, J. C. Burns, X. Zhao, D. Xiong, and J.R. Dahn, J. Electrochem. Soc., 
158, A447 (2011). 
[34] A. Andersson, K. Edstrom, N. Rao, and A. Wendsjo, J. Power Sources, 81-82, 286 
(1999). 
[35] R. Yazami and Y. Reynier, Electrochim. Acta, 47, 1217 (2002). 
[36] S. Lee and S. Pyun, Carbon, 40, 2333 (2002). 
[37] A. Xiao, W. Li, and B. Lucht, J. Power Sources, 162, 1282 (2006). 
[38] A. Pasquier, F. Disma, T. Bowmer, A. Gozdz, G. Amatucci, and J. Tarascon, J. 
Electrochem. Soc., 145, 472 (1998). 
[39] M. Inaba, H. Tomiyasu, A. Tasak, S. Jeong, and Z. Ogumi, Langmuir, 20, 1348 
(2004). 
 37 
 
[40] Q. Wang, J. Sun, X. Yao, and C. Chen, J. Electrochem. Soc., 153, A329 (2006). 
[41] X. Zhang, P. Ross, R. Kostecki, F. Kong, S. Sloop, J. Kerr, K. Striebel, E. Cairns, 
and F. McLarnon, J. Electrochem. Soc., 148, A463 (2001). 
[42] X. Xiao, D. Ahn, Z. Liu, J. Kim, and P. Lu, Electrochem. Comm., 32, 31 (2013). 
[43] X. Xiao, Z. Liu, L. Baggetto, G. M. Veith, K. L. More, and R.R. Unocic, Phys. 
Chem. Chem. Phys., 16, 10398 (2014). 
[44] S. Komaba, N. Kumagai, and Y. Kataoka, Electrochim. Acta, 47, 1229 (2002). 
[45] V.A. Sethuraman, N.V. Winkle, D.P. Abraham, A.F. Bower, and P.R. Guduru, J. 
Power Sources, 206, 334 (2012). 
[46] S.P.V. Nadimpalli, V.A. Sethuraman, G. Bucci, V. Srinivasan, A.F. Bower, and P.R. 
Guduru, J. Electrochem. Soc., 160, A1885 (2013). 
[47] A. Mukhopadhyay, A. Tokranov, X. Xiao, and B. W. Sheldon, Electrochim. Acta, 66, 
28 (2012). 
[48] A. Tokranov, B.W. Sheldon, P. Lu, X. Xiao, and A. Mukhopadhyay, J. Electrochem. 
Soc., 161, A58 (2014). 
[49] S. Bhattacharya, A.R. Riahi, and A.T. Alpas, J. Power Sources, 196, 8719 (2011). 
[50] T. Eriksson, Ph.D. dissertation, Uppsala University, 2001, Chapter 6, pp38-39. 
 38 
 
CHAPTER II.   
DEGRADATION OF THE SEI INDUCED BY ELEVATED TEMPERATURES* 
 
INTRODUCTION 
Reductive decomposition and polymerization of the electrolyte on an anode leads 
to formation of the SEI (Solid Electrolyte Interphase) layer, which is conductive for 
lithium ions but electronically insulating to protect the anode from further electrolyte 
decomposition. It is well known that formation of such a layer on an anode affects initial 
irreversible capacity loss during initial formation cycles. It is believed that the SEI layer 
formed in a few cycles has a good passivating characteristic so that further electrolyte 
decomposition is inhibited during subsequent cycles, especially at room temperature. 
However, a recent study showed that the normal SEI layer is not stable, even at room 
temperature, which results in continuous SEI growth and reformation at a slow rate 
during long-term cycling or storage [1]. Thus, the stability of the SEI layer is closely 
related to battery performance, including cycle and calendar life. Nevertheless, the 
importance of SEI stability has been neglected due to the extremely low extents of 
electrolyte decomposition and lithium loss during normal cycling compared to the first 
cycle.  
                                                 
* This chapter includes content presented at the 16th IMLB conference and the UM/GM quarterly review 
meetings.  
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With regards to the issue of aggravated capacity loss of Li-ion batteries at 
elevated temperatures, the instability of the interface between the electrode and the 
electrolyte has received much attention. The causes of capacity fade at elevated 
temperatures are numerous and the instability of the SEI layer has emerged as one of the 
most prominent. This instability is related to changes in the characteristics of the layer 
formed at the interface [2-9]. For instance, a portion of the SEI layer can be dissolved or 
broken down at elevated temperatures [2-5]. At such temperatures, some of chemical 
species in the SEI layer are also converted [5, 10]. 
Although many efforts have been made to understand the behavior of the SEI 
layer, understanding of the SEI formation/growth mechanism at elevated temperatures 
has remained elusive. Because of this, there have been conflicting reports about the 
behavior of the SEI layer at elevated temperatures; both SEI dissolution and SEI growth 
have been suggested based on changes in the thickness and the composition of the SEI 
layer [2-9].    
Tasaki et al. proposed a mechanism of SEI evolution or growth that can explain 
both SEI dissolution and growth phenomena [11]. Based on the solubility of lithium salts 
in dimethyl carbonate (DMC), they suggested that the SEI layer, which is phase-
separated between the crystal and the amorphous phases, undergoes a continuous 
transformation of the SEI composition via salt dissolution, reduction, and decomposition; 
thereby a portion of inorganic species mainly contributes to the growth of the SEI layer. 
However, this mechanism has not been supported by experimental results due to 
the inhomogeneity of SEI thickness and difficulties in measuring real-time changes of the 
SEI layer during cycling. 
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Electrochemical impedance spectroscopy (EIS) is considered as one of the most 
important electro-analytical techniques and provides information on the nature of the 
processes occurring at the electrode/electrolyte interfaces. Despite the ambiguity of 
correct EIS interpretation, EIS has been extensively used due to the following advantages: 
(1) it allows us to separately investigate a series of complex phenomena occurring inside 
a battery, including lithium-ion diffusion in the electrolyte, lithium ion migration through 
the surface layer, charge transfer at the interface, and lithium ion diffusion in the bulk of 
an active material; (2) it enables us to observe real-time changes in the complex 
phenomena in a non-destructive way. 
EIS can be used to predict the behavior of the SEI layer by enabling us to observe 
real-time changes during cycling or storage. Previous studies have often used EIS to 
understand the behavior of the SEI layer and the charge transfer process at the interface 
[12-21]. In order to accurately observe the SEI layer on the anode, either a symmetric cell 
or a three-electrode cell is necessary, instead of a normal two-electrode cell [13-15, 17, 
18, 21]. Using two-electrode EIS measurements, it is not possible to interpret the 
processes taking place at each electrode since the observed impedance represents cell 
impedance. The half-cells, such as Li/LiMn2O4 or Li/C cells, also give total cell 
impedance that includes the contribution of the Li/electrolyte interface. For instance, 
unless the contribution of the Li/electrolyte interface is eliminated in the Li/C cell, the 
graphite/electrolyte interface cannot be analyzed correctly due to the superposition of the 
graphite/electrolyte interface and the Li/electrolyte interface [22, 23]. 
In the work presented here, we investigate the stability of the SEI layer formed on 
the graphite anode at different temperatures. Since there is still a lack of consensus on 
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how the SEI layer is affected by elevated temperatures, we first examined the changes in 
the composition and the thickness of the SEI layer formed on graphite electrodes stored at 
different temperatures using X-ray photoelectron spectroscopy (XPS) with Ar-ion 
sputtering. Then we investigated the behavior of the SEI layer in order to elucidate the 
exact mechanism of SEI instability at elevated temperatures. 
 
METHODS 
Fabrication of electrodes and battery cells 
To prepare the graphite electrode, a slurry was prepared by mixing synthetic 
graphite powder (90 wt%)(Timrex SLP30, Timcal) with a polyvinylidene fluoride (PVdF) 
binder (10 wt%)(Kureha 7208, Kureha America) dissolved in N-methyl-2-pyrrolidone 
(NMP) using a SpeedMixer (FlackTek Inc.). The resulting slurry was cast onto a 9 μm-
thick copper foil at a constant speed using a 9-mil film applicator with a doctor-blade 
film coater (MTI corp.). To prepare a LiMn2O4 slurry, LiMn2O4 powder (95 
wt%)(Electrochemical grade, particle size <5 μm, Sigma-Aldrich), carbon black (5 
wt%)(Super C65, Timcal), and PVdF binder (5 wt %) dissolved in NMP solution were 
mixed and cast onto a 15 μm-thick aluminum foil using the procedure described above. 
All composite electrodes were then dried overnight in a vacuum oven at 110 °C. The 
dried electrodes were punched out as disks with an area of 0.785 cm2 and vacuum-dried 
again before being used in the Swagelok cell assembly process. For assembly of three-
electrode pouch cells (Fig. 2.1), an anode electrode (2.4×2.4 cm2), a cathode electrode 
(2.3×2.3 cm2), and a reference electrode (0.5×0.5 cm2) were prepared and the mass ratio 
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of the cathode electrode to the anode electrode was adjusted according to the targeting 
capacity ratio (P/N ratio ~ 0.8). 
 
Figure 2-1. Configuration of the three-electrode pouch cell. 
 
The electrolyte solution was 1M lithium hexafluorophosphate (LiPF6, Sigma-
Aldrich) dissolved in a mixture of ethylene carbonate (EC, Sigma-Aldrich) and dimethyl 
carbonate (DMC, Sigma-Aldrich) with a volume ratio of 1:1. The separator (Celgard 
2320) was soaked in the electrolyte solution for at least 7 days before the use. 
XPS measurements with Ar-ion sputtering 
In order to investigate whether the SEI layer is stable at elevated temperatures, we 
compared the relative thickness of the SEI layer on a graphite anode stored at different 
temperatures using XPS measurements (Kratos Axis Ultra X-ray photoelectron 
spectrometer equipped with a monochromatic Al Kα excitation source (hv = 1486.6 eV)) 
in conjunction with Ar-ion sputtering. The fabricated composite graphite anode was 
assembled with a counter electrode (Li) in a Swagelok cell and cycled four times between 
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1.0 V and 0.005V at a constant current (C/10 rate). At a voltage of 1.0 V (vs. Li/Li+, 
delithiated state), the cell was disassembled in a glovebox. After disassembly, the 
graphite anode was carefully cut in half before storage tests. Since the graphite electrode 
was cycled at the same formation cycle condition, the same or similar characteristics 
(such as thickness and composition) of the SEI layer was expected to form on the two 
pieces of the anode. To precisely compare SEI thickness or composition at different 
conditions, it is important to ensure that initial SEI layer characteristics are the same 
before tests. The cycled graphite anodes were immersed into bottles containing 1 mL of 
electrolyte solution (1M LiPF6, EC:DMC (1:1 v/v)) in the glovebox. These bottles were 
transferred to thermal chambers and stored at 25 ºC and 50ºC for 2 days or 7 days. After 
storage, the anode was vacuum-dried and sealed in the glovebox, in order for them to be 
transferred to the XPS instrument. 
An area of 300 × 700 µm2 on the anode was analyzed. The binding energy scale 
was adjusted based on the lithium fluoride (LiF) peak in the F 1s peak at 686 eV. Core 
spectra were recorded with 20 eV constant pass energy. Charge neutralization was used 
during the measurements. Depth profiles were obtained by Ar-ion beam sputtering using 
an ion beam voltage of 4 keV. The raster size was 2×2 mm2 during the Ar-ion sputtering 
process. 
EIS measurements using three-electrode pouch cells 
To investigate how the change in an interfacial resistance of the anode is 
associated with SEI growth, EIS measurements were conducted during the SEI formation 
cycle. For this experiment, the cell was controlled by the anode potential. The cell was 
held at each anode potential (1V, 0.85V, 0.6V, and 0.3V vs. Li/Li+) for 2h 30 min to 
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measure the impedance of the cell. Since the intercalation of lithium ions into graphite is 
commonly believed to start below 0.3 V (vs. Li/Li+), the behavior of the interfacial 
resistance above 0.3 V was analyzed in this study. 
To investigate the behavior of the SEI layer during cycling at elevated 
temperatures, the cell was cycled three times at a constant rate (C/15 rate) for SEI 
formation, followed by consecutive cycles (C/4 rate) including EIS measurements at 
different temperature conditions. During the consecutive cycles, EIS measurements were 
conducted after every two cycles in order to observe the impedance response at different 
temperature conditions. The cell that was controlled by the cathode potential was held at 
each 4.1 V, which corresponded to the anode potential 0.1 V, during the cycling. Before 
elevating the temperature, the cell was cycled at least 8 cycles to ensure stabilization of 
the electrode/electrolyte interfaces.  
The impedance of the cell was measured by applying a 5 mV amplitude 
perturbation over the frequency range of 200 kHz to 10 mHz. 
 
RESULTS AND DISCUSSION 
Changes in the composition and thickness of the SEI Layer 
To investigate the stability of the SEI layer at elevated temperatures, it is 
necessary to analyze changes in the composition of the layer. Figure 2.2 shows SEI 
composition of layers that formed on graphite anodes during storage tests. To ensure that 
a similar composition of the SEI layer was formed before storage tests, changes in SEI 
composition were precisely measured.  
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Figure 2-2. SEI compositions that formed on graphite electrodes stored at different temperatures. 
 
 After storage for 2 days at different temperatures, the difference in SEI 
composition was not significant. It might indicate that elevated temperatures do not 
significantly change the composition of the SEI layer during a short period of time, 
especially at the storage condition. However, noticeable difference in SEI composition 
was observed between the graphite anode stored at 25 °C and that stored at 50 °C after 7 
days storage, compared to 2 days storage. Thus, the effect of elevated temperatures on the 
SEI composition increased with an increasing storage time. In particular, higher 
concentrations of oxygen and carbon elements were observed at the anode stored at high 
temperature than the anode stored at room temperature. It suggests that more of a surface 
layer containing C and O elements, possibly organic and polymeric species, was formed 
on the graphite surface during storage at high temperature. Note that the chemical 
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composition of the SEI layer was changed with an increasing storage time at 25 °C. It 
indicates that, even at room temperature, the SEI layer is not static but dynamic and 
suggests that storage time is also an important factor for SEI stability. Thus, as 
temperature and time increase, the SEI layer changes its chemical composition, which 
can affect the stability of the SEI layer. 
 
Figure 2-3. XPS depth-profiles of graphite electrodes stored for 2 days at (a) 25 °C and (b) 50 °C. 
The insets show changes in F 1s spectra during the sputtering process. 
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To further investigate the instability of the SEI layer at elevated temperatures, the 
thickness of the SEI layer needed to be evaluated. To confirm SEI growth or dissolution 
at elevated temperatures, XPS with Ar-ion sputtering was utilized. Since the raster area 
(2×2 mm2) as well as the analyzed area is relatively large compared to other analytical 
techniques, XPS may give more accurate estimation on the inherently inhomogeneous 
SEI. Ar-ions were repeatedly sputtered to remove the SEI layer until the graphite-related 
peak or the PVdF binder-related peak started to appear in the carbon or fluorine core 
spectrum, respectively. The time required for the occurrence of the peaks (graphite or 
PVdF) was used to evaluate the thickness of the SEI layer. 
 Figure 2.3 shows XPS depth-profile of the graphite anode stored for 2 days. 
Although the difference in the composition of the SEI layer was not significant in the 
case of the graphite anodes after 2 days storage, the structure of the SEI layer as 
measured by its thickness varied. After a short sputtering time (~ 7min), the amount of 
carbon element in the SEI layer of the graphite stored at 25 °C (Fig. 2.3a) started to 
increase rapidly, showing the peaks related to the graphite and PVdF. At the same time, 
other elements (O, Li, F, and P) started to decrease with the exposure of the graphite 
surface. It indicates that the graphite covered by the SEI layer was being exposed with the 
removal of the SEI layer. The inset figure clearly shows the peak related to PVdF 
appeared with the decrease in the intensity of the peak associated with LiF. In contrast, a 
longer sputtering time (~ 47 min) was needed to remove the SEI layer of the graphite 
stored at 50 °C (Fig. 2.3b). It indicates that a thicker SEI layer was formed during storage 
at high temperature, suggesting that elevated temperatures result in further SEI growth. 
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 On the basis of the above result, the results of the graphite anodes stored for 7 
days (Figure 2.4) indicates that storage time as well as temperature affected the SEI 
growth. 
 
Figure 2-4. XPS depth-profiles of graphite electrodes stored for 7 days at (a) 25 °C and (b) 50 °C. 
 
Compared with the graphite stored for 2 days at 25 °C (Fig. 2.3a), a longer 
sputtering time was spent to remove the SEI layer on the graphite stored for 7 days at 
25 °C (Fig. 2.4a). The graphite-related peak began to appear at around 60 min in the case 
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of the graphite stored for 7 days. Consistent with the previous result (Fig. 2.1), this 
indicates that SEI growth proceeds even at room temperature.  
The anode stored at 50 °C for 7 days did not show the increase of the amount of 
carbon element and the appearance of the graphite- or PVdF-related peak at the end of 
sputtering time; the graphite peak appeared with an increase of the amount of carbon 
element after 250 min. Thus, the SEI layer on the graphite stored for 7 days at 50 °C 
became much thicker than that stored at 25 °C, indicating high temperature promoted the 
growth of the SEI layer. 
 Note that the difference in the sputtering time needed to remove the SEI layer 
between 25 °C stored anode and 50 °C stored anode was considerably increased in the 
anodes after 7 days, compared to the anodes after 2 days. 
 
Figure 2-5. Comparison of the change in the sputtering time needed to remove the SEI layer on 
the graphite electrode stored at different temperatures. 
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Figure 2.5 show the comparison of the change in the sputtering time required to 
remove the SEI layer on the graphite anode. It shows the rate of SEI growth is much 
higher at higher temperature: the SEI layer stored at 50 °C grew faster than that stored at 
25 °C. This is consistent with previously reported results [1, 24]. 
Compared to the literature, a relatively long sputtering time was required to 
remove the SEI layer on the graphite anode [25, 26]. This might be caused by the large 
amount of the electrolyte (1mL) used during storage, which could result in more 
electrolyte decomposition, resulting in a thicker SEI layer compared to that in a real 
battery cell. 
With the help of XPS measurements, it was confirmed that the SEI layer 
eventually grew and the rate of SEI growth was accelerated at elevated temperatures. 
However, it was still not clear how the SEI layer grew at elevated temperatures. Next we 
will focus on the behavior of the SEI layer at elevated temperatures in order to elucidate 
the mechanism of the SEI growth. 
Change in the interfacial resistance 
The designed three-electrode pouch cell was first validated by comparing the 
impedance of the three-electrode cell and the impedance of the two-electrode cell. As 
shown in Figure 2.6a, the anode impedance and the cathode impedance were 
distinguished from the total impedance of the three-electrode cell using the three-
electrode cell. It was observed that the anode impedance was much smaller than the 
cathode impedance. Figure 2.6b shows that the total impedance of the three-electrode cell 
was well matched with the two-electrode cell; it was determined that the deviation of 
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impedance value at open circuit voltage (OCV) between the three-electrode cell and the 
two-electrode cell was within 5%. 
 
Figure 2-6. (a) OCV impedance spectra of the three-electrode pouch cell; (b) Comparison of the 
two-electrode and three-electrode pouch cells. 
 
 In order to understand how the interfacial resistance is associated with the SEI 
formation, the change in the interfacial resistance as a function of potential in the first 
charge cycle was investigated. Typically, the semicircles at high- and medium-frequency 
in the graphite electrode represent the migration of lithium ions through the SEI layer and 
the charge transfer process at the electrode/electrolyte interface, respectively. Since the 
two semicircles are related to interfacial processes at the interface, the combination of the 
semicircles is called as the interfacial resistance. The low-frequency Warburg impedance 
tail accounts for diffusion limitations in the electrode, which include diffusion through 
the electrolyte, the electrode surface layer, and the active material [27]. The ohmic 
resistance, which is expressed by the high frequency intercept on the real axis, includes 
the bulk electrolyte resistance and artifacts associated with cell design and measurement 
setting [27, 28]. 
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Figure 2-7. Changes in impedance spectrum of the graphite anode during the 1st charge process. 
The inset shows changes in the ohmic resistance of the graphite anode during the 1st charge.  
 
Figure 2.7 shows that the impedance spectrum measured at each of the potentials 
in the first charge cycle. Unfortunately, the two semicircles observed at high- and 
medium-frequency were not clearly seen in our impedance spectra of the graphite anode, 
indicating that the two processes (SEI resistance and charge transfer resistance) had very 
close time constants. This is possibly due to the characteristics of the composite graphite 
electrode used in this study. The high-frequency arc is known to be associated with not 
only SEI resistance but also the characteristics of the composite anode [13, 20].  
Upon decrease of the OCV to 0.85 V, the interfacial impedance did not show 
significant change, while the low frequency line that represented the blocking character 
of non-lithiated electrode (a slight slope line) changed its slope (around 45°). This can be 
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explained by the dominance of diffusion of the electrolyte to the electrode below 1.0 V. 
At the potential of 0.6 V, the interfacial impedance slightly increased, while the low 
frequency line again showed the blocking behavior (a straight line instead of a slope line). 
It indicates that a SEI layer with less conductive character was formed between 0.85 V 
and 0.6 V. It is well known that the reductive decomposition of the electrolyte starts to 
appear at around 0.7 V (vs. Li/Li+) to form the SEI layer. It indicates that the behavior of 
the impedance spectrum correctly represented the SEI formation process. Note that the 
ohmic resistance noticeably increased at this potential. This can be attributed to the 
occurrence of electrolyte decomposition. The reduction process in the electrolyte can 
contribute to the increase of the ohmic resistance since the decomposed products 
increased in the electrolyte; the diffusion of the solvated Li-ions through the electrolyte 
might be sluggish due to the decomposition process. 
Between 0.6 V and 0.3 V, the formation of the SEI layer proceeded further, 
leading to an increase of the interfacial resistance. This increase can be explained by the 
growth of the SEI layer. Note that the inductive behavior at the low frequency was 
observed at 0.3 V. Although there have been many explanations for this inductive 
behavior, we believe that this is related with the robustness of the SEI layer formed in the 
first cycle, which was also suggested by Gnanaraj et al [20]. The decreased ohmic 
resistance recovered at this potential, indicating that the decomposed products in the 
electrolyte were considerably reduced during SEI formation. 
Based on the change in the interfacial resistance in the first charge cycle, where 
the SEI was grown mostly due to reductive decomposition of the electrolyte, it was 
confirmed that the interfacial resistance was closely associated with the behavior of the 
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SEI layer. It is important to note that the interfacial resistance is not only related to the 
SEI thickness, but also to SEI characteristics such as porosity and conductivity. Thus, 
depending on changes in the characteristics of the SEI layer, the interfacial resistance is 
expected to be affected. 
 To understand the behavior of the SEI layer at elevated temperatures, the behavior 
of the SEI layer at room temperature was first investigated. 
 
Figure 2-8. Changes in impedance spectra of (a) the graphite anode and (b) the LiMn2O4 cathode 
during cycling at room temperature. 
 
As expected, the impedance of the anode (Fig. 2.8a) as well as the impedance of 
the cathode (Fig. 2.8b) did not change significantly during cycling at room temperature, 
as shown in Figure 2.8. In particular, the interfacial impedance remained nearly the same 
in both the cathode and anode until the 20th cycle. This indicates that the 
electrode/electrolyte interfaces were stable during cycling at room temperature. As the 
cycle number increases, it is expected to cause changes in the interfacial resistances of 
both the anode and the cathode; however, this is not related to the subject of this work. 
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To investigate the behavior of the SEI layer at elevated temperatures, the 
operating temperature was increased every two cycles during cycling. After each set of 
two cycles, EIS measurements were conducted at room temperature condition. 
 
Figure 2-9. Changes in impedance spectra of (a) the graphite anode and (b) the LiMn2O4 cathode 
during cycling with increasing temperatures. The inset shows that change in the arc width (Rw) in 
the impedance spectra as a function of cycle number.  
 
As shown in Figure 2.9, the interfacial impedance increased in both the anode 
(Fig. 2.9a) and the cathode (Fig. 2.9b) as temperature increased. However, the rise of the 
interfacial impedance of the anode showed a quite different pattern compared to that of 
the cathode. While the interfacial impedance of the cathode almost linearly increased 
with increasing temperature, the interfacial resistance of the anode monotonically 
increased. These patterns are clearly seen in the inset plots, which shows the change in 
the width of the semicircle as a function of cycle number.  
The arc width (Rw) can be expressed based on the Arrhenius equation as follows 
[27]: 1
𝑅𝑤
= 𝐴𝑒𝐴𝐴 �− 𝐸𝑎
𝑅𝑅
� 
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where A is a constant, Ea is the activation energy, R is the gas constant, and T is the 
temperature. 
 Based on this equation, increasing temperature should have reduced the interfacial 
resistance due to improved interface kinetics which is expressed by the charge transfer 
resistance. However, the opposite phenomena were observed experimentally in this study. 
This indicates that the interfacial resistance is mainly governed by the characteristics of 
the electrode/electrolyte interface, not by the charge transfer resistance, especially in the 
case of the anode. 
The linear increase of the cathode impedance can be explained by the increase in 
side reactions such as the dissolution of manganese ions from the cathode and/or the 
formation of the cathode surface layer. The noticeable increase in the ohmic resistance 
with increasing temperatures in the cathode might due to the increased amount of 
dissolved manganese ions. The Li-ion transfer through the electrolyte can be interrupted 
by the increased dissolved manganese ions in the electrolyte, increasing the ohmic 
resistance. However, the electrolyte decomposition induced by elevated temperatures also 
would contribute to the increase of the ohmic resistance, since the increase in the ohmic 
resistance was also observed in the anode.  
Compared to the cathode, the monotonic increase of the interfacial resistance in 
the anode is not straightforward to explain. It indicates that elevated temperature did not 
simply cause an increase in the thickness of the SEI layer. According to Abraham et al., 
the impedance of the anode is governed by composition and morphology of the SEI layer 
formed on the graphite anode [16]. It is postulated that the SEI dissolution mechanism is 
competing with the SEI growth mechanism at elevated temperatures. Since previous 
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studies reported that SEI dissolution or SEI growth phenomena at elevated temperatures, 
there is highly possibility that these processes coexist at elevated temperatures.   
Depending on the competition between these two opposite effects, the interfacial 
resistance may decrease, increase, or remain unchanging according to the dominant 
mechanism at elevated temperatures. The hypothesis of the evolution of the SEI layer 
suggested by Tasaki et al. could be verified by this result [11]. 
To further investigate the instability of the SEI layer at high temperature, the 
increased temperature was kept during cycling. The Figure 2.10 shows changes in the 
interfacial resistances of the anode (Fig. 2.10a) and the cathode (Fig. 2.10b) during 
cycling at constant temperature 50 °C. 
 
Figure 2-10. Changes in impedance spectra of (a) the graphite anode and (b) the LiMn2O4 cathode 
during cycling at 50°C. The inset shows that change in the arc width (Rw) in the impedance 
spectra as a function of cycle number. 
 
 While the interfacial resistance of the cathode increased as cycle number 
increased, the interfacial resistance of the cathode first increased and then decreased as 
cycle number increased. The oscillating behavior of the anode interfacial resistance might 
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reflect the behavior of the growth and dissolution of the SEI layer at elevated temperature, 
demonstrating the instability of the SEI layer at high temperature. This oscillating 
behavior of the anode interfacial resistance is consistent with a previous study; they 
observed the impedance of the SEI quickly decreased and increased in an oscillating 
manner when stored at 80 °C [18]. 
 Based on the change in the anode interfacial resistance at elevated temperature, it 
is confirmed that the SEI dissolution and growth repeatedly occurs during cycling at 
elevated temperatures, which eventually leads to SEI growth. This behavior explains the 
instability of the SEI layer at elevated temperature. 
 
CONCLUSIONS 
In this work, the instability of the SEI layer at elevated temperatures was 
investigated by analyzing changes in the chemical composition and the thickness of the 
SEI layer as well as change in the interfacial resistance at the anode. The XPS results 
showed that the chemical composition of the SEI layer significantly changed as both 
temperature and storage time increased. The thickness of the SEI layer was also strongly 
affected by both elevated temperature and storage time. The rate of SEI growth was 
considerably higher at elevated temperature than at room temperature, which indicated 
that the degradation of the SEI layer was significantly accelerated at elevated 
temperatures. 
The mechanism of the SEI growth was investigated by investigating changes in 
the interfacial resistance at the anode at elevated temperatures. The changes during the 
first cycle suggested that the interfacial resistance at the anode was closely associated 
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with the behavior of the SEI layer. At room temperature, the interfacial resistance at the 
anode was not significant, which indicated stability of the SEI layer. In contrast, the 
interfacial resistance at the anode increased and then decreased during cycling at 50 °C, 
which differed from the behavior of the interfacial resistance at the cathode. More 
interestingly, the interfacial resistance at the anode monotonically increased, while the 
interfacial resistance at the cathode linearly increased with increasing temperatures. 
Based on this behavior, it was proposed that the growth of SEI at elevated temperatures 
occurred as a consequence of a competitive mechanism between the dissolution and the 
precipitation of the SEI layer.  
Thus, to enhance thermal stability of a SEI layer, the SEI layer must consist of 
chemical species that are less susceptible to the dissolution of SEI at elevated 
temperatures. 
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CHAPTER III.   
DEGRADATION OF THE SEI INDUCED BY THE DEPOSITION OF 
MANGANESE IONS* 
 
INTRODUCTION 
 The capacity and power fading of lithium-ion (Li-ion) batteries are complicated 
processes that are very challenging to understand and resolve, especially at elevated 
temperatures [1-6]. Although the mechanisms responsible for the degradation of Li-ion 
batteries cannot be simplified and explained by one or two phenomena, the dissolution of 
the active materials and the instability of the solid electrolyte interface (SEI) are two of 
the key phenomena responsible for the degradation. These two phenomena, in particular, 
cannot be considered independent at elevated temperatures, since a significant amount of 
the ions dissolved at elevated temperatures move to the anode side and modify the SEI 
layer. Consequently, transition metal dissolution from the cathode materials not only 
influences the reversible capacity of the positive electrode, it also influences the 
reversible capacity of the negative electrode.  
 The dissolution of active materials from the cathode side clearly causes the loss of 
usable materials from the positive electrode. These dissolved transition-metal ions 
subsequently re-deposit on the positive electrode, forming an electrically insulating layer 
of oxides and fluorides [4, 7]. Moreover, the dissolved ions diffuse to the negative 
                                                 
* This chapter contains content from a published paper: H. Shin, J. Park, A.M. Sastry, and W. Lu, Journal 
of Power Sources, 284 (2015) 416-427. 
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electrode, where they are deposited, influencing both the chemical degradation of the SEI 
layer and the self-discharge of the lithiated anode [8, 9]. These phenomena are especially 
important for manganese-based electrodes, such as LiMn2O4, LiMnO2, Li1+xMn2O4, and 
Li1.05(Ni1/3Co1/3Mn1/3)0.95O2, since the manganese-based oxides are more vulnerable to 
dissolution in the electrolyte than other cathode materials, especially at elevated 
temperatures [10]. It has been also reported that the amount of Mn deposited is 
significantly greater than that of other transition metals, such as Ni and Co [11]. Thus, in 
manganese-based cells, a considerable amount of Mn ions is expected to be continuously 
dissolved and deposited during prolonged storage/cycling at elevated temperatures.  
 The instability of the SEI on the anode is severe especially at elevated 
temperatures; two factors, i.e., temperature and dissolved Mn ions, considerably 
contribute to the degradation of the SEI layer [2, 3, 8, 9]. Figure 3.1 shows a simple 
schematic of the degradation of the SEI on the graphite that occurs at elevated 
temperatures. As shown in the figure, two different mechanisms are associated with the 
chemical degradation of the SEI layer: (1) Elevated temperatures directly induce the 
dissolution, breakdown, and conversion of the SEI layer, which make the original SEI 
layer to be a defective layer [1-3]. This defective layer causes the consumption of 
cyclable lithium ions and additional decomposition of the electrolyte to reform the layer, 
resulting in the growth of the SEI layer. (2) The dissolved Mn ions also induce side 
reactions associated with the deposition of the Mn ions, resulting in a defective layer [8, 9, 
12]. During the deposition process, Mn ions can interact with the chemical species in the 
SEI layer, and deposited Mn compounds can promote a catalytic reaction that results in 
more decomposition of the electrolyte. In addition, the deposition of the dissolved Mn 
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ions can make lithium ions in the lithiated graphite to deintercalate during the reduction 
process [8]. Thus, degradation of the SEI layer proceeds in the presence of the dissolved 
Mn ions, reducing capacity and power of a Li-ion battery.  At elevated temperatures, 
these two phenomena simultaneously occur and are coupled to each other, which make 
understanding of the degradation mechanism of the SEI layer more complex.  
 
Figure 3-1. A schematic description of the SEI instability that occurs in cycled or stored Li-ion 
batteries at elevated temperatures. 
 
 To simplify the problem and get a better insight into the influence of Mn 
deposition on capacity fade, several studies have been conducted by artificially 
introducing soluble Mn ions into the electrolytes. Either a defined amount of the 
manganese perchlorate [Mn(ClO4)2] has been dissolved in LiClO4-based electrolytes or 
the anodic dissolution of Mn metal has been carried out using electrolysis [9, 12-15]. 
These previous studies provide limited information that is only applicable to LiClO4-
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based electrolyte systems because, in each case, a lithium salt (LiClO4) was used as the 
electrolyte. Moreover, the presence of hydrofluoric acid (HF), which is an important 
reason for Mn dissolution in LiPF6-based electrolytes, has been ignored in LiClO4-based 
electrolyte systems. A recent study tried to mimic the conditions in LiPF6-based 
commercial cells by immersing LiMn2O4 powder in the electrolyte at the high 
temperature for several days [16]. However, this preparation could cause the degradation 
of the electrolyte during the storage, producing byproducts such as HF, PO3F2-, and 
PO2F2- in the electrolyte [17]. In addition, it is difficult to achieve the desired amount of 
dissolved Mn ions in the electrolyte.  
 So far, a number of efforts have been made to understand the influence of Mn 
deposition on anode performance, the interaction mechanism between dissolved Mn ions 
and the anode/electrolyte interface, and the oxidation state of the deposited Mn. The 
deterioration of anode performance induced by Mn deposition has been clearly observed 
with increased reduction current and interfacial impedance [12-16, 18]. However, earlier 
studies have shown conflicting results about the mechanism responsible for Mn 
compound deposition and the oxidation state of the deposited Mn compound. This makes 
it difficult to have a clear understanding of what happens at the anode/electrolyte 
interface as a result of the deposition of Mn ions. It was initially proposed that the 
dissolved Mn ions could be reduced electrochemically by the low potential, based on the 
known standard redox potential of Mn/Mn2+ (1.87 V vs. Li/Li+) [12]. Another hypothesis 
was that the reduction of the Mn ions on the anode surface occurs chemically, via the 
chemical activity of the lithiated graphite [18]. Another possibility has recently been 
proposed that a metathesis reaction occurs between the dissolved Mn ions and some 
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species in the SEI layer, rather than the reduction reaction during Mn deposition on the 
anode [16]. Even when the deposited Mn compound was not clearly identified, the 2+ 
oxidation state of Mn deposited on anodes was predominantly observed [9, 13, 19]. 
However, recent studies also suggested that a metallic form of Mn can be formed on the 
anode [14, 20, 21]. The Mn compounds reported to date are summarized in Table 3.1. 
Table 3-1. Summary of Mn compounds proposed to be deposited on the anode. 
Detection 
techniques Electrolyte employed 
Proposed 
Mn compounds Reference 
XPS 1M LiClO4 in EC/DEC with addition of 150 ppm Mn(ClO4)2 
MnO or Mn2O3 S. Komaba et al. [13]   
XPS 1M LiPF6 in EC/DEC MnO or MnO2 L. Yang et al. [19] 
XPS 
AFM 
1M LiClO4 in EC/DEC with 100 ppm 
Mn ions by the anodic dissolution of 
Mn metal (electrolysis) 
Metallic Mn, 
MnCO3 
, and Mn(ClO4)2 
M. Ochida et al. [14] 
XAS 1M LiClO4 in EC/DEC with addition of 2.5mM Mn(ClO4)2 
Mn(ǁ) such as 
MnCO3 
C. Delacourt et al. [9] 
XAS 
XPS 
1.2M LiPF6 in EC/EMC with 20 ppm 
Mn ions dissolved from LiMn2O4 
powder 
Mn(ǁ) such as 
MnCO3 and 
MnF2 
C. Zhan et al. [16] 
TEM 
XPS 1M LiPF6 in EC/DEC 
Metallic Mn and 
MnF2 
X. Xiao et al. [21] 
XAS 1M LiClO4 in EC/DEC with addition of 200 ppm Mn(ClO4)2 
Metallic Mn and 
Mn(ǁ) 
S. R. Gowda et al. 
[20] 
  
 Despite the research described above, the precise mechanism of the interaction 
between dissolved Mn ions and the anode/electrolyte interface is still being debated and 
remains a challenging topic. To shed further light on the mechanism of capacity fade 
driven by deposited Mn, it is necessary to understand how the dissolved Mn ions cause 
SEI degradation. The identification and spatial distribution of Mn compounds at the 
anode/electrolyte interface are also essential to understand the mechanisms of Mn 
deposition as well as the Mn-induced SEI degradation. The goals of this work are to 
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improve an understanding of how the composition and structure of the SEI layer are 
modified by dissolved Mn ions and how these modifications degrade battery performance. 
In order to reveal the deposition/reaction mechanism of dissolved Mn ions, we identified 
the Mn compounds that form on both the graphite anode and individual SEI species, and 
investigated how the Mn is distributed at the graphite/electrolyte interface.  
 
METHODS 
 A binder-free highly oriented pyrolytic graphite (HOPG, SPI supplies) was 
chosen as the working electrode in order to investigate the difference in SEI layer 
compositions that forms in the Mn-free electrolyte and the Mn-containing electrolyte. 
The presence of polyvinylidenedifluoride (PVdF) in conventional composite anodes 
makes it difficult to achieve a detailed and conclusive analysis of the SEI composition, 
since peaks associated with the PVdF binder overlap with the peaks of SEI chemical 
species in X-ray photoelectron spectroscopy (XPS) spectra. The HOPG electrode was 
prepared as a square sheet with sides of 5 mm and a thickness of 1 mm. For other 
purposes, the composite electrode was prepared by spreading a mixture of 90 wt % 
synthetic graphite powder (TIMREX SLP 30, Timcal) and 10 wt % PVdF binder 
dissolved in anhydrous N-methyl-2-pyrrolidone (99.5% NMP, Sigma-Aldrich) onto a 9 
µm-thick Cu foil (MTI corp.). The electrode sheet was then vacuum-dried at 110 °C for 
one day to remove the NMP. Lithium metal (Alfa Aesar) and the Celgard 2320 were used 
as a counter electrode and a separator, respectively, in the coin-cell assembly process. All 
2032-type coin cells (MTI Corp.) were assembled in an argon-filled glove box (MBraun) 
containing less than 0.1 ppm oxygen and moisture. The electrolyte solution was 1 M 
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lithium hexafluorophosphate (LiPF6, Sigma-Aldrich) dissolved in a mixture (1:1, v/v) of 
ethylene carbonate (EC, Sigma-Aldrich) and dimethyl carbonate (DMC, Sigma-Aldrich). 
The Mn-containing electrolyte was prepared by dissolving a known amount of 
synthesized manganese hexafluorophosphate [Mn(PF6)2] into the base electrolyte. The 
Mn(PF6)2 salt was synthesized by reacting manganese chloride (MnCl2, Sigma-Aldrich) 
with the silver hexafluorophosphate (AgPF6, Sigma-Aldrich) in ethanol. The mixture was 
then filtered and distilled to isolate the synthesized Mn(PF6)2. The Mn(PF6)2 was 
vacuum-dried at 90 °C overnight before use. The concentration of dissolved Mn ions in 
the electrolyte was analyzed using inductively coupled plasma optical emission 
spectrometry (ICP-OES).  
 For the investigation of cycling performance and SEI composition, the assembled 
HOPG/Li cells containing the Mn-free or the Mn-containing (200 ppm) electrolyte were 
charged to 0.01 V and then discharged to 1.5 V at a constant rate of C/15 in the first 3 
cycles, followed by 25 times between 0.01 and 1 V at a constant rate of C/7, using a 
battery test system (Biologic). The open-circuited cells at 1.0 V were disassembled in an 
argon-filled glove box.  
 For the identification of the deposited Mn compound, the composite electrode cell 
was charged at a rate of C/15 to 1.0 V, which is below the standard redox potential of 
Mn/Mn2+ (1.87 V vs. Li/Li+), and then held there for 24 hr. This condition was used to 
examine whether or not the Mn ions were reduced and deposited as metallic Mn under 
the reduction conditions. To prevent other effects caused by solvent reduction, the 
potential was held at 1.0 V, which is higher than the known solvent reduction potential 
0.8 V. In addition, the cell held at 1.0 V was discharged at a rate of C/15 to 2.5 V, which 
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is above the redox potential, and then kept at this potential for 24 hr. Under this condition, 
oxidation is expected to be favorable at the anode surface. To clearly identify the 
chemical state of the deposited Mn, we used the electrolyte with dissolved Mn ions at a 
concentration of around 2500 ppm.  
 To investigate the ion-exchange mechanism, lithium fluoride (LiF, Sigma-
Aldrich), which is known to be one of the main components of the SEI, was immersed in 
both the Mn-free electrolyte and the Mn-containing electrolyte for one week. After 
soaking, the LiF was extracted from the electrolytes, and then vacuum dried overnight. 
The same procedure was performed using lithium carbonate (Li2CO3, Sigma-Aldrich), 
except for the storage time. Due to the lower solubility of Li2CO3 in the electrolyte, 
compared with LiF, the Li2CO3 was immersed for two weeks [22]. To exclude the 
possibility of HF reacting with the dissolved Mn ions, lithium perchlorate (LiClO4, 
Sigma-Aldrich) was used as a salt and manganese perchlorate (Mn(ClO4)2, Sigma-
Aldrich) was added to the electrolyte (1M LiClO4 in EC:DMC (1:1, v/v)). The received 
Mn(ClO4)2·6H2O was vacuum-dried at 100 °C for 24 h to remove any hydrated water 
residue. 
 For the investigation of the Mn distribution throughout the SEI layer, a composite 
electrode with Mn-containing electrolyte (2500 ppm) was cycled five times at a rate of 
C/15 and charged to 0.005 V. Then, it was stored at open-circuit potential for 1 month at 
room temperature. 
 Except for the samples taken to identify the Mn compounds that form on the 
anode and salts (LiF and Li2CO3), other cycled samples (HOPGs) were rinsed with the 
DMC solvent for 3 min to remove residual salts on samples. Rinsed and non-rinsed 
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samples were vacuum-dried overnight and then vacuum-sealed in a glove box in order to 
transfer them to the XPS instrument for the chemical analysis of the layer that formed 
during the experiment. XPS measurements were conducted using a Kratos Axis Ultra X-
ray photoelectron spectrometer equipped with a monochromatic Al Kα excitation source 
(hv = 1486.6 eV) in the University of Michigan Electron Microbeam Analysis Laboratory 
(EMAL). The area of the SEI layer analyzed was 300 × 700 µm2. The binding energy 
scale was calibrated from intrinsic hydrocarbon contamination using the C 1s peak at 285 
eV. Core spectra were recorded with 20 eV and 40 eV constant pass energy. The fitting 
of core peaks were performed using the Shirley background correction and Gaussian-
Lorentzian curve synthesis (70% Gaussian, 30% Lorentzian). Charge neutralization was 
used during the measurements. Depth profiles were obtained by Ar-ion beam sputtering 
using an ion beam voltage of 4 keV. 
 Atomic force microscopy (AFM) was carried out on the HOPG sample to get the 
thickness profile of the SEI layer. After the 10th cycle, a square area of 2 × 2 µm2 was 
scratched out in the contact mode at a constant force of 500 nN in order to remove the 
SEI layer from the surface. In the lateral force mode, the area was scraped off until the 
non-uniform friction, which was due to the SEI, changed to uniform friction, allowing 
observation of the appearance of the flat HOPG surface. Then, an area of 6 × 6 µm2 
which contains the scratched area was scanned again with a force less than 500 nN. 
Finally, 20 scan lines in the dotted square area of the height image were averaged to get 
the average height profile (Fig. 3.6), since the non-uniform SEI layer made it difficult to 
determine the SEI layer thickness.  
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RESULTS AND DISCUSSION 
Influence of the dissolved Mn ions on the performance of the HOPG/Li cell  
 Figure 3.2 shows the cycling performance of HOPG/Li cells containing 
electrolytes with or without dissolved Mn ions, after the formation cycle. With the 
addition of dissolved Mn ions at a concentration of 200 ppm, the capacity degradation 
occurs more severely over 25 cycles. After 25th cycle, the Mn-free cells retain 85% of 
their original capacity, while the Mn-containing cells retain only 70%. The decrease in 
reversible capacity due the addition of Mn ions is consistent with the findings of other 
studies [12, 13, 16].  
 
Figure 3-2. Discharge capacity retention of the HOPG/Li cell without/with dissolved Mn ions 
(200 ppm). 
 
 According to the previous studies, side reactions related to the deposition of Mn 
that accompanies the loss of electric charge are the main contributors to the reduction in 
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capacity [23]. In addition, continuous electrolyte decomposition products induced by the 
deposited Mn compounds may hinder the intercalation of lithium into the graphite, 
thereby reducing the reversibility of the lithium intercalation [12]. It has also been 
suggested that the capacity fade is caused by modification of the SEI layer, which is 
continuously reacting with dissolved Mn ions [16]. The capacity degradation of the cell 
due to the addition of Mn ions could be even more severe in the full-cell, such as a 
graphite/LiMn2O4 cell, which has an absolute capacity. The reduction in the number of 
cyclable lithium ions caused by the deposition of Mn and SEI reformation/growth 
additionally contributes to the capacity fade. In the graphite/Li half-cell used in this study, 
the capacity loss caused by the consumption of cyclable lithium is not considered due to 
the abundance of cyclable lithium. 
Effects of the dissolved Mn ions on SEI chemical composition and growth 
 The differences between the SEI layers that form in electrolytes with and without 
Mn ions can be assessed by investigating the elemental compositions of these SEI layers. 
Figure 3.3 shows the relative amounts of the elements present in the SEI layers that form 
in Mn-free and the Mn-containing electrolytes after the 1st and 25th cycles. Note that the 
concentration of Mn cannot be determined in the Mn-containing (200 ppm) cells, since 
the Mn signal is barely detectable. It seems that the quantity of deposited Mn is below the 
detection limit (~1000 ppm) of XPS [11]. In reality, the Mn signal can be detected after a 
very long data-collection time (above 100 core scans), indicating that a very small 
concentration of Mn (below 0.1%) exists at the surface. Nevertheless, there is a 
noticeable difference in the chemical compositions of the SEI layers that form in the 
presence of electrolytes with and without dissolved Mn ions. 
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Figure 3-3. Comparison of the elemental compositions (atom %) of SEI layers formed in Mn-free 
and the Mn-containing electrolytes after the 1st cycle and the 25th cycle. 
 
 The SEI layer that forms in the Mn-containing electrolyte contains a higher 
concentration of oxygen, but a lower concentration of fluorine, than the SEI layer that 
forms in the presence of the Mn-free electrolyte. The difference in SEI composition is 
due to the formation of a number of oxygen-containing products caused by the Mn 
deposition. The oxygen-rich SEI layer might be attributed to either the deposition of 
oxygen-containing manganese compounds (MnO, Mn2O3, and MnCO3), or the deposition 
of additional solvent decomposition products that result from the catalytic effect of the 
deposited Mn compounds. It has been reported that manganese oxides act as oxidation 
catalysts, promoting organic compound decomposition [12, 24]. Since a very low Mn 
concentration (below 0.1 %) is found in the SEI layer that forms in the Mn-containing 
electrolyte, the increased amount of oxygen in the Mn-containing cell must be mainly due 
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to the formation of more oxygen-containing organic/polymeric compounds, not oxygen-
containing Mn compounds.  
In the Mn-containing cell, the relative amounts of carbon and oxygen in the SEI 
layer are still significant after 25 cycles. On the other hand, a lower amount of carbon and 
a similar amount of oxygen are observed in the SEI layer that forms in the presence of 
Mn-free electrolyte after 25 cycles. It seems that the content of LiF increases 
considerably in the SEI layer during cycling, resulting in a significant increase in the 
quantity of fluorine in the Mn-free electrolyte. In contrast, a small increase in the fluoride 
content of the SEI layer that forms in Mn-containing electrolyte after 25 cycles indicates 
that the amount of organic/polymeric components (which consist of carbon and oxygen) 
in the SEI layer is greater than the increased amount of LiF over cycling. This also 
suggests that the SEI layer that forms in the Mn-containing electrolyte includes more 
organic/polymeric compounds (containing C and O) than the SEI layer that forms in the 
Mn-free electrolyte. This finding is further supported by the results of depth profiling 
(Fig. 3.4). 
In the Mn-free cell, the amount of oxygen rapidly decreases after only 2 min of 
sputtering, declining below half the initial amount of oxygen. The observed trend of 
decreasing oxygen is consistent with the results of other studies [25-28]. In the Mn-
containing cell, however, the oxygen content decreases more gradually, requiring 8~10 
min of sputtering in order to decline below half the initial oxygen concentration. It is 
known that the initial decrease in oxygen content mainly originates from the removal of 
polymer and solvent reduction products, such as polyethylene oxide (PEO) and alkyl 
carbonates [25-27]. Thus, this result indicates that more oxygen-containing products 
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(possibly the organic/polymeric compounds) are present in the deeper SEI layer that 
forms in the Mn-containing cell. As mentioned above, since the quantity of Mn 
compounds observed in the SEI layer is extremely low, the contribution of oxygen-
containing Mn compounds to the change in the oxygen content is negligible. Except for 
the oxygen, the changes in other elements as a function of depth are very similar in the 
Mn-free and the Mn-containing cells, following the generally observed trends [25-28].  
 
Figure 3-4. Depth profiles of HOPG surfaces after: (a) the 1st cycle, (b) the 25th cycle in Mn-free 
electrolyte; as well as after: (c) the 1st cycle, and (d) the 25th cycle in Mn-containing electrolyte. 
   
The concentration of carbon initially decreases, which reflects the reduction of 
organic/polymeric species, and then increases with sputtering time, due to the 
contribution of the gradual exposure of the HOPG underlying the SEI layer. The initial 
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increases in fluorine and lithium reflect the increase in LiF content with the decrease in 
the organic/polymeric thin layer. The fluorine content decreases continuously with the 
gradual removal of LiF, while the lithium content decreases due to the reduction of 
lithium-containing organic and inorganic components, such as alkyl carbonates and 
Li2CO3.   
 Based on the sputtering time needed for the carbon content to exceed 70 %, the 
thickness of the SEI layer that forms in the Mn-containing electrolyte can be compared to 
that of the SEI layer that forms in the Mn-free electrolyte. After the 1st cycle, the 
thickness of the SEI layer that forms in the presence of Mn-containing electrolyte (Fig. 
3.4c) is quite similar to that of the SEI layer that forms in the presence of the Mn-free 
electrolyte (Fig. 3.4a). It is well known that SEI formation mostly occurs in the 1st cycle, 
due to the reduction of the electrolyte. Thus, this result indicates that the influence of the 
dissolved Mn ions on the initial SEI layer growth is not significant during the formation 
process. However, the effect is clearly seen after the 25th cycle. The thickness of the SEI 
layer in the Mn-containing cell noticeably increases after 25th cycle. In the Mn-free cell, 
the thickness of the SEI layer after the 25th cycle (Fig. 3.4b) is almost identical with the 
thickness of the SEI layer after the 1st cycle (Fig. 3.4a). This result suggests that the SEI 
layer that forms without deposited Mn effectively suppresses further electrolyte 
decomposition, thereby limiting SEI growth. In contrast to the normal SEI layer, the SEI 
layer that forms with deposited Mn allows additional electrolyte decomposition over 
repeated cycles, showing a thicker SEI layer after the 25th cycle (Fig. 3.4d) than after the 
1st cycle (Fig 3.4c). 
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 The instability of the SEI layer due to the deposited Mn leads to the continuous 
growth of the SEI layer during cycling. As mentioned earlier, it is quite likely that the Mn 
compounds deposited in the SEI layer act as oxidation catalysts, promoting further 
electrolyte decomposition. As shown in the depth profile of the SEI layer that forms in 
the presence of Mn-containing electrolyte after the 25th cycle, a considerable amount of 
oxygen-containing products are deeply distributed throughout the outer part of SEI layer. 
This supports the possibility that deposited Mn compounds catalyze the decomposition of 
organic compounds. 
 
Figure 3-5. AFM height (a, b) and friction (c, d) images (2×2 µm2) of HOPG after 10 cycles 
before scratching (a, c) and after scratching (b, d). 
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The increase in SEI thickness due to Mn deposition is also confirmed by AFM 
measurements. Figure 3.5 shows the changes in the AFM height and friction images on a 
HOPG basal plane. Non-uniform particle-like precipitates (SEI layer) form on the flat 
HOPG surface after cycling, which is consistent with the results of other studies [2, 14, 
15]. In the lateral (friction) signals, the non-uniform friction image after cycling also 
indicates that the SEI layer completely covers the HOPG surface. After scraping the layer 
off using several repeated scans, the height and friction images of the scraped area 
become almost uniform, indicating that the HOPG surface is fully exposed.  
 
Figure 3-6. AFM height images and their corresponding averaged cross-sectional profiles of 
HOPGs cycled in (a) Mn-free electrolyte and (b) Mn-containing electrolyte. 
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The thickness of the SEI layer is estimated from the difference in height between 
the scratched and unscratched areas (Fig. 3.6). Due to the roughness of the SEI layer, the 
20 scan lines in the dotted square area of the height image were averaged to get the 
average SEI height profile. It seems that the hills observed near the left and right of the 
scraped area are formed by the accumulation of material from the SEI layer removed 
during the scratching process. The thickness of the SEI layer formed in the presence of 
Mn-containing electrolyte is estimated to be roughly 45 nm, while the SEI layer formed 
in the presence of the Mn-free electrolyte has a thickness of about 30 nm. This implies 
that deposited Mn promotes electrolyte decomposition, resulting in a thicker SEI layer, 
which is consistent with the result obtained using XPS depth profiles.    
 
Figure 3-7. C 1s, F 1s, and P 2p XPS spectra of HOPGs cycled 25 times with: (a) Mn-free 
electrolyte and (b) Mn-containing electrolyte. 
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In order to further investigate the changes in SEI composition resulting from the 
deposited Mn compounds, high-resolution XPS spectra after the 25th cycle are compared 
(Fig. 3.7). In the C 1s spectra, the peak at 284.3 eV, assigned to graphite, is not observed, 
indicating that the HOPG surface is fully covered by the SEI layer. The C 1s spectra can 
be deconvoluted into three main peaks with an additional shoulder. The first peak, at 
285.0 eV, is attributed to intrinsic hydrocarbons and alkane products (C-C and C-H bonds) 
[29, 30]. The second peak, at 286.3 eV with a small shoulder at 287.3 eV, could be 
assigned to ether carbons within the oligomeric polyethylene oxide (PEO) species (-CH2-
CH2-O-)n and the lithium alkyl carbonates (ROCO2Li). The presence of PEO and 
ROCO2Li in the SEI layer has been widely described in the literature [27-32]. The third 
peak, at 289.5 eV, which corresponds to -CO3- bonds, is associated with carbonate 
species such as lithium carbonate (Li2CO3) and lithium alkyl carbonate (ROCO2Li) [27-
32]. In the Mn-containing cell, this peak may also be associated with manganese 
carbonate (MnCO3), which may have been deposited on the anode. Unfortunately, it is 
difficult to verify the presence of MnCO3, since the peak at 289.5 V is relatively weak 
and broad. Based on the analysis of the C 1s spectra, the SEI species that form in the Mn-
containing electrolyte are similar to those that form in the Mn-free electrolyte. However, 
the relatively high intensity is seen in the 286 ~ 287 eV region of the XPS spectrum of 
the sample cycled in the presence of the Mn-containing electrolyte, compared with the 
sample cycled in the Mn-free electrolyte. This result indicates that a considerable amount 
of organic species, such as PEO and ROCO2Li, are formed during cycling in the Mn-
containing cell. The increase of these compounds explains the formation of the oxygen-
rich SEI layer in the Mn-containing cell, which is shown in Fig. 3.3 and Fig. 3.4. Thus, 
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these results provide additional evidence that the deposition of Mn compounds induces a 
greater amount of organic compound decomposition. 
 Noticeable differences are also observed in the F 1s and the P 2p spectra of the 
Mn-free and the Mn-containing samples. The F 1s spectra show that the SEI layers of 
both samples are composed of salt decomposition products, such as LixPFy and/or 
LixPFyOz (687.4 eV), and LiF (685.4 eV) [29]. The dominant peak from the sample 
cycled in the presence of the Mn-containing electrolyte is broadened and shifted to a 
higher binding energy (685.9 eV). This is also observed in the sample cycled in the 
presence of the Mn-free electrolyte. The broadened and shifted peak might be attributed 
to the presence of an additional compound near the peak at 685.9 eV. We suspect that the 
formation of MnF2 might contribute to this shifting and broadening of the dominant peak. 
The P 2p spectra of both samples show two distinct peaks at 137.3 eV and 134.2 eV, 
regardless of the presence of deposited Mn. The peak at 137.3 eV can be assigned to an 
insoluble P-F compound (LixPFy). The peak at 134.2 eV can be associated with LixPFyOz 
compounds such as Li2PFO3 LiPOF2, and/or phosphate compounds such as phosphate-
ending PEO oligomer species [29-31]. The sample cycled in the Mn-containing 
electrolyte shows that the intensity of the peak at 134.2 eV increases relative to that of the 
peak at 137.3 eV. The increase in peak intensity at 134.2 eV indicates that more 
decomposition products of LiPF6 are produced in the presence of the deposition of Mn 
compounds. This observation is similar to the results from samples cycled at high 
temperatures [29]. It was reported that LiPF6 decomposition considerably increases at 
high temperatures and the reaction between highly reactive PF5 and solvents produces 
some polymeric species [29, 33]. It seems that the deposition of Mn compounds causes 
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LiPF6 instability, which could be another mechanism by which polymeric species are 
generated. 
Identification of the Mn compounds deposited on the anode 
 To positively identify the Mn compounds that are deposited on the anode, a high 
concentration of Mn ions was dissolved in the electrolyte. As shown in Fig. 3.8, the 
amount of Mn compounds deposited increases as the concentration of Mn ions in the 
electrolyte increases. When the electrolyte contains Mn ions at a concentration of 200 
ppm, the intensity of the peak corresponding to Mn is extremely low (almost invisible in 
the survey spectrum). Therefore, a considerably long scan time is required to detect the 
Mn signal in the core spectrum. The insufficient intensity of the Mn spectra may cause 
misinterpretation of the chemical state of the manganese species deposited on the anode, 
since determination of the position of the Mn 2p3/2 peak is confusing in the Mn 2p 
spectrum. Due to blurred signals in the XPS spectra caused by the small amount of Mn 
deposited on the anode, previous studies have experienced difficulties conclusively 
identification of the deposited Mn compound [11, 13, 19]. 
With a high concentration of dissolved Mn-ions (around 2500 ppm) in the 
electrolyte, the relative concentration of the element Mn on the anode surface is 
determined to be 2.2%, showing a clear Mn signal in the survey spectrum. The multiplet 
splitting of Mn 2p and Mn 3s peaks, in addition to the position of the Mn 2p 3/2 peak are 
analyzed in an attempt to confirm the chemical state of the deposited Mn. 
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Figure 3-8. XPS survey spectra of negative electrodes after the 1st cycle in the presence of 
electrolytes containing Mn ions at concentrations of: (a) 200 ppm, (b) 1000 ppm, and (c) 2500 
ppm. 
 
 It is believed that the dissolved Mn-ions may be reduced to form Mn metal during 
the deposition because of the standard redox potential of the Mn to Mn(ǁ) transition (1.87 
V vs. Li/Li+). To assess the electrochemical reduction of Mn-ions driven by the lowered 
potential, the cell is charged to 1.0 V. To prevent the influence of solvent reductions on 
the deposition of Mn, the cell is not charged below 1.0 V. Under this condition, which 
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favors reduction at the anode surface, MnF2 is mainly formed; metallic Mn is not 
deposited on the anode surface (Fig. 3.9).  
 
Figure 3-9. F 1s, Mn 2p, Mn 3s spectra of composite electrodes held for 24 h at (a) 1.0 V during 
the 1st charge (i.e., reductive condition at the anode) and (b) 2.5 V during the 1st discharge after 
the potential is held at 1.0 V (i.e., oxidative condition at the anode) 
 
 The asymmetry of the dominant peak (685.3 eV) in the F 1s spectrum (Fig. 3.9a) 
may be due to contributions from both LiF and MnF2 (near 685.8 eV) formed on the 
surface. The formation of MnF2 is also supported by analyses of the Mn 2p and Mn 3s 
spectra. In the Mn 2p core spectrum, the peak maximum of Mn 2p3/2 is observed at 
around 642.9 eV, which is very close to the maxima found in our reference MnF2 (643 
eV) and in other reports (642.7, 642.8 eV) [34, 35]. This peak position is far from that 
expected for metallic Mn (639.2 eV) and clearly higher than those observed for other Mn 
compounds, such as MnO (641.5, 641.7 eV) and MnCO3 (642 eV) [34-36]. In addition, 
the multiplet splitting of the Mn 2p peak, which is the difference in binding energy 
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between the Mn 2p1/2 and the Mn 2p3/2, is 12.2 eV. The observed value is higher than the 
values found in metallic Mn (11.0 eV) and MnO (11.6 eV) [37, 38]. The observed value 
is similar to the values found for MnCO3 (12.2 eV) and MnF2 (12.1 eV), which are 
measured in our reference samples. The presence of MnF2 on the surface is further 
confirmed by the observed multiplet splitting of the Mn 3s (6.5 eV) peak, which is the 
same as the values measured for the reference MnF2 (6.5 eV) in this study and close to 
the values found in previous reports (6.3, 6.5 eV) [35, 39]. The observed multiplet 
splitting of the Mn 3s peak is significantly different than the value observed for metallic 
Mn (3.7 eV) [40]. The measured reference MnCO3 shows a lower value (6.1 eV) and the 
values reported for other possible Mn compounds, such as MnO (5.5 eV), Mn2O3 (5.4 
eV), and MnO2 (4.6 eV), are considerably lower than the observed value (6.5 eV) [35]. 
 Based on these observations, we believe that the majority of Mn is deposited in 
the form of MnF2 particles, not metallic Mn. Our observation of MnF2 formation is 
consistent with the results of a recent study [21]. They used TEM images to demonstrate 
that MnF2 nanoparticles were formed at the graphite/electrolyte interface. However, it is 
possible that small amounts of the metallic Mn and other Mn compounds, such as 
MnCO3 and the MnO, exist on the anode surface, as suggested by other researchers [9, 14, 
20]. Note that the formation of Mn metal is mainly detected in the LiClO4-based cells, as 
summarized in Table 3.1. This suggests that Mn metal might be formed predominantly in 
LiClO4-based cells, rather than LiPF6-based cells. In LiPF6-based cells, MnF2 compounds, 
which play the role of an electric insulator, seem to be formed initially on the surface, 
suppressing the further formation of metallic Mn on the surface [21]. 
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 To construct conditions favorable for oxidation at the anode surface, the cell is 
charged and held at 1.0 V, and then discharged and kept at 2.5 V, which is higher than the 
standard redox potential of Mn/Mn(ǁ). As shown in Fig. 3.9b, the MnF2 that forms is not 
changed significantly, due to the oxidative conditions at the anode. This result indicates 
that the formation of MnF2 on the anode surface is an irreversible reaction. It seems that 
the deposition of Mn ions and the formation of Mn compounds are not significantly 
affected by redox reactions or anode potentials, as suggested by a recent study [16]. They 
proposed that a metathesis reaction occurs between Mn ions and species in the SEI layer 
at the anode surface during Mn deposition, rather than a reduction reaction. Consistent 
with the study, we speculate that LiF in the SEI layer can react with the Mn2+ ions to 
form MnF2 according to the following reactions: 
LiPF6 ↔ LiF (s) + PF5   (1) 
2LiF + Mn2+ → MnF2 + 2Li   (2) 
 Alternatively, MnF2 can be formed due to the acid HF environment. It has been 
suggested that the acid HF is considered as the main reason for MnF2 formation on the 
cathode. The mechanism of MnF2 formation on the cathode is as follows [41]: 
2LiMn2O4 + 4HF → 3MnO2 + MnF2 + 2LiF + 2H2O (3) 
 In a similar manner, the formation of MnF2 can occur at the anode according to 
the following series of reactions: 
LiPF6 ↔ LiF (s) + PF5   (4) 
PF5 + H2O → POF3 + 2HF   (5) 
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2HF + Mn2+ → MnF2 + H2   (6) 
 Thus, we believe that MnF2 formation is caused by either ion-exchange reactions 
or the reactions of HF with Mn ions. 
Mechanism of the formation of Mn compounds on the graphite anode  
 Two potential mechanisms of MnF2 formation were introduced in the previous 
section. One involves ion-exchange reactions with Mn ions, and the other involves the 
reaction of HF with Mn ions. To elucidate the mechanism of the formation of Mn 
compounds, LiF and Li2CO3, which are known to be the main SEI products that form on 
the anode, were immersed in the Mn-containing electrolyte. To exclude the possibility of 
the HF-induced reaction mechanism, we used LiClO4 and Mn(ClO4)2 salts, instead of 
LiPF6 and Mn(PF6)2 salts in the electrolyte.   
 
Figure 3-10. Changes in the F 1s spectrum of LiF after soaking in an electrolyte with or without 
Mn ions. 
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 Figure 3.10 shows that LiF powder (685.3 eV in F 1s spectrum) does not change 
its binding energy in the presence of a normal electrolyte. The intensity of the LiF in the 
electrolyte is slightly reduced compared with that of bare LiF, since the residual solvents 
and decomposition products cover the LiF powder. However, the peak associated with 
LiF is shifted to higher binding energy (685.8 eV) in the Mn-containing electrolyte. The 
peak observed at the higher binding energy can be explained by the fact that the fluorine 
is bonded to manganese, which has a higher electronegativity than lithium. This result 
indicates that LiF reacts with Mn ions in the electrolyte, forming MnF2. The formation of 
MnF2 is confirmed by the Mn 2p spectrum shown in Fig. 3.11.  
 
Figure 3-11. Comparison of the Mn 2p spectra of (a) LiF soaked in Mn-containing electrolyte and 
(b) a reference sample of MnF2. 
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 The Mn 2p spectrum of LiF soaked in the Mn-containing electrolyte is very 
similar to that of the reference MnF2 compound. It suggests that a portion of the LiF is 
converted to MnF2. Note that the peak intensity in the F 1s spectrum (Fig. 3.10) decreases 
more in the Mn-containing electrolyte than in the normal electrolyte. This may indicate 
that the process responsible for the formation of MnF2 promotes further solvent 
decomposition. In conclusion, it is clear that the ion-exchange phenomenon happens 
between the LiF that forms in the SEI layer and dissolved Mn ions at the 
graphite/electrolyte interface and that further solvent decomposition can occur during the 
reaction process.  
 Soaking Li2CO3 powders in Mn-free electrolyte and in Mn-containing electrolyte 
allows further examination of this mechanism. 
 
Figure 3-12. Changes in the O 1s spectrum of Li2CO3 after soaking in an electrolyte with or 
without Mn ions. 
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 As shown in Fig. 3.12, the peak associated with the bare Li2CO3 is located at 
531.6 eV in the O 1s spectrum. The Li2CO3 powder soaked in the Mn-free electrolyte has 
a dominant peak (533.5 eV) with a small shoulder (531.5-532.5 eV). The shoulder can be 
assigned to Li2CO3, while the peak at 533.5 eV corresponds to carbonate esters 
(ROCO2R') that originate from solvent residues and decomposition products, such as 
lithium alkyl carbonate species. The strong peak is shifted to lower binding energy (533 
eV) in the presence of Mn ions in the electrolyte. This may result from an additional 
contribution from MnCO3 (532.2 eV), which has a slightly higher binding energy than 
Li2CO3 (531.6 eV) [42].  As in the case of LiF, the reduced intensity of the dominant 
peak is also observed. The Mn 2p spectrum supports the formation of MnCO3. The Mn 
2p spectrum collected from the Li2CO3 powder soaked in the Mn-containing electroltye 
resembles that of reference MnCO3, as shown in Fig. 3.13. 
The Mn 2p3/2 peak maximum is located at approximately 642 eV, showing 
multiplet splitting of 12.2 eV. In addition, the presence of two satellite peaks near both 
the Mn 2p3/2 and 2p1/2 (marked as S in Fig. 3.13) is very similar to the satellite structure 
of the reference MnCO3. Satellite structure is an important factor that has been used to 
identify Mn chemical states. The spectrum of MnO has satellite peaks associated with 
both the Mn 2p3/2 and Mn 2p1/2 peaks, while the spectra of Mn2O3 and MnO2 have 
satellite peaks associated with only their Mn 2p1/2 peaks [38]. Although MnO has also 
two satellite peaks associated with its Mn 2p3/2 and Mn 2p1/2 peaks, the peak positions of 
Mn 2p3/2 (640.6 eV) and O 1s (529.6 eV) are much lower than those of MnCO3 [38]. This 
clearly indicates that the observed Mn 2p spectrum corresponds to that of MnCO3, not 
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MnO. Thus, the results show that the Li2CO3 is partially converted to MnCO3 through the 
ion exchange reaction. 
 
Figure 3-13. Comparison of the Mn 2p spectra of (a) Li2CO3 soaked in Mn-containing electrolyte 
and (b) a reference sample of MnCO3. 
  
 Based on these findings, we propose that reactions can occur between inorganic 
species and dissolved Mn ions, transforming SEI species into diverse Mn compounds, 
such as MnF2 and MnCO3. During the reaction process, additional decompositions of the 
electrolyte may take place at the anode/electrolyte interface. 
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Spatial distribution of the Mn compounds at the graphite/electrolyte interface 
 In order to gain further information about the interactions of dissolved Mn ions at 
the anode/electrolyte interface, it is necessary to understand how the deposited Mn is 
distributed at the anode/electrolyte interface. Figure 3.14 shows the depth profile of the 
aged anode, revealing the distribution of Mn element throughout the graphite/electrolyte 
interface. The Mn profile shows that Mn is not uniformly distributed at the 
graphite/electrolyte interface. A small amount of the Mn is observed at the top surface of 
the interface, indicating that the deposition of dissolved Mn ions is not severe in the 
region of the porous organic layer. Mn reaches its maximum after about 60 minutes of 
Ar-ion sputtering, at which point the graphite anode starts to appear, as evidenced by a 
sharp increase in carbon. This result suggests that the dissolved Mn ions are mostly 
deposited near the inorganic layer/graphite interface, suggesting that the inorganic layer 
can be significantly affected by the dissolved Mn ions. It seems that the dissolved Mn 
ions easily diffuse through the porous organic SEI layer and interact with the inorganic 
species, possibly as a result of the ion exchange mechanism, as evidenced by previous 
results.  
The tendency of Mn accumulation in the inorganic layer/graphite interfacial 
region is consistent with the results observed in aged commercial cells [11]. The diffusion 
of lithium ions may be more hindered by the deposition of inorganic Mn compounds, 
such as MnF2 and MnCO3, which can limit the capacity of the Li-ion battery. Note that 
Mn is still observable at the end of sputtering, at which point the graphite surface is 
almost fully exposed by removal of the SEI layer. The small amount of Mn that can be 
detected inside the graphite suggests that dissolved Mn ions may co-intercalate or move 
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into the graphite interlayer via either defects in the SEI layer or cracks in the graphite. It 
has been recently observed that Mn nanoparticles are present within cracks in the 
graphite, suggesting that Mn compounds can be deposited internally [21]. 
 
Figure 3-14. XPS depth profile of a composite electrode cycled in Mn-containing electrolyte 
during formation, and then stored for one month. The inset contains an enlargement of the profile 
of the Mn element. 
 
 In addition, disorder in the graphite surface structure due to deposition of iron has 
been observed [43]. Although the observed Mn content may be associated with an artifact 
of the sputtering process that can cause the re-deposition of sputtered Mn, there is a 
strong possibility that Mn ions are deposited between graphite interlayers, which may 
inhibit the contraction and expansion of the graphite during the (de)intercalation process. 
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The structural disorder of the graphite due to Mn deposition and its effects are currently 
under investigation. 
 
CONCLUSIONS 
 Deterioration of the SEI layer due to the deposition of dissolved Mn ions 
significantly contributes to the degradation of Li-ion battery capacity. In this work, the 
chemical degradation of the SEI layer induced by dissolved Mn ions and its mechanism 
has been systematically investigated. The chemical composition of the SEI layer formed 
in the presence of dissolved Mn ions shows a more oxygen-rich layer. This layer 
originates from an increased amount of organic/polymeric species that result from 
additional electrolyte decompositions catalyzed by Mn deposition and interaction 
processes of the dissolved Mn ions. XPS and AFM measurements revealed that SEI 
growth is accelerated by the deposition of dissolved Mn ions, showing a thicker SEI layer 
on the anode. The dissolved Mn ions easily diffuse through the porous SEI layer and 
mostly deposit at the inorganic layer/graphite interface region, where the Mn ions interact 
with inorganic SEI species via the ion-exchange mechanism. The main Mn compound 
formed on the anode surface is identified as MnF2, which is not much affected by 
reductive/oxidative conditions. The dissolved Mn ions may diffuse or co-intercalate into 
the graphite through both defects in the SEI layer and cracks in the graphite due to 
structural disordering induced by Mn deposition.  
 The findings from this work deepen our understanding of SEI degradation 
mechanisms at elevated temperatures. Both the high temperature itself and the increased 
deposition of dissolved Mn-ions significantly affect the instability of the SEI layer. 
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Improving the stability of the SEI layer at elevated temperatures will require strategies 
that that suppress the interaction of dissolved Mn ions with the SEI layer, as well as the 
development of a thermally stable SEI layer. 
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CHAPTER IV.  
COMPONENT-/STRUCTURE-DEPENDENT ELASTICITY OF THE SEI IN Li-
ION BATTERIES* 
 
INTRODUCTION 
 The performance of a Li-ion battery—such as irreversible capacity loss, 1st cycle 
columbic efficiency, and cycle/calendar life—is closely related to the properties of the 
solid electrolyte interface (SEI) layer [1–5]. The SEI layer that formed on the negative 
electrode during the initial few cycles is known as an ionic conductor for lithium but not 
an electronic conductor, thereby it protects the electrode from further reductive 
decomposition of the electrolyte during subsequent cycles. It enables a Li-ion battery to 
maintain its good capacity retention even if the battery operates below the reduction 
potential of electrolytes. This is the case, however, only if a perfect and stable SEI layer 
is formed and maintained during the cycling. In reality, the SEI layer does not keep its 
initial configuration and properties [6]. The aging or degradation process of the SEI layer 
proceeds to a low extent and at a low rate for the whole cycle/calendar life of Li-ion 
batteries [5, 6]. For instance, dissolution/breakdown, conversion, and growth of the SEI 
layer can occur during prolonged storage and cycling, especially at high temperatures [3, 
5, 7–9]. The phenomena cause changes in SEI layer properties, such as composition and 
morphology, so that the electrons and solvents could be permeable in a defective SEI 
                                                 
* This chapter includes content from a published paper: H. Shin, J. Park, S. Han, A.M. Sastry, and W. Lu, 
Journal of Power Sources, 277 (2015) 169-179. 
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layer, leading to additional electrolyte decomposition. Continuous decomposition 
reactions promote further SEI formation or SEI reconstruction, thickening the SEI layer 
and consuming cyclable lithium-ions. It has been shown that the SEI growth rate slows 
with time but never stops entirely during long-term storage and cycling [5]. However, if 
the initially formed SEI layer has desirable and effective properties for SEI stability, the 
SEI growth rate can be diminished or even come close to stopping entirely, improving the 
capacity retention of Li-ion batteries. Thus, having an understanding and clarification of 
the SEI properties in terms of mechanical and chemical aspects is the first important step 
in achieving the stability of the SEI layer, and eventually the enhancement of the 
cycle/calendar life of Li-ion batteries.  
 Many efforts have been made recently to elucidate the structure, morphology, 
chemical composition, and thickness of the SEI layer on a negative electrode. 
Inhomogeneous mosaic-type or multilayered-type SEI structure models have been 
proposed based on the SEI layer formation process via 2D surface reduction [10, 11]. A 
3D SEI model, including the intercalation of decomposition products into the graphite 
interlayer, as well as the attachment of the products to the graphite surface, has been also 
suggested [12]. Although no consensus on the detailed SEI structure has yet been reached, 
it is generally accepted that the SEI layer is composed of two distinct layers: a thin, dense 
layer of inorganic species close to the electrode side, and a thick, porous layer of organic 
and polymeric compounds close to the electrolyte side. The inorganic species such as 
lithium fluoride (LiF), lithium carbonate (Li2CO3), and lithium oxide (Li2O) are typically 
believed to exist as a polycrystalline or crystalline phase, while the organic components 
such as dilithium ethylene dicarbonate ([CH2OCO2Li]2, Li2EDC), lithium methyl 
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carbonate (LiOCO2CH3, LiMC), and lithium ethyl carbonate (LiOCO2C2H5, LiEC) are 
commonly reported to present as a form of amorphous structure [9, 13, 14]. In addition, 
the formation of a long-chain oligomer or polymeric compound such as polyethylene 
oxide (PEO) has also been reported [14, 15]. The chemical composition of the SEI layer 
is dependent on the solvents and salts used as the electrolytes. The thickness of the SEI 
layer has been observed to be in the range of tens to hundreds of nanometers [13, 16]. 
Since SEI thickness as well as SEI composition can be influenced by artifacts in 
measurements and different experimental conditions, the reported values vary from one 
another.  
 While numerous studies have been aimed at elucidating SEI formation 
mechanisms and physical/chemical properties of the SEI layer, relatively little attention 
has been paid to the mechanical properties of the SEI layer, especially SEI elasticity. 
During the repeated cycles, the particles of the negative electrode experience volume 
change, stress, and pressure build-up due to intercalation-induced strain and gas 
production, which can initiate the physical damage or the instability of the SEI layer as 
well as the particle surface of the electrode [16, 17]. It has recently been observed that 
stress change at the surface of a negative electrode is closely related to the SEI layer 
formation [18]. If a stiff SEI layer is formed on the surface of a negative electrode, the 
SEI layer can be partially broken down due to the stress caused by the intercalation of the 
Li-ions, which promotes further SEI layer formation by re-exposing the new electrode 
surface to the electrolyte. This SEI formation and regrowth contributes to a continuous 
decrease in the capacity of Li-ion batteries. Therefore, an endurable SEI layer is desirable 
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to maintain the mechanical stability of the SEI layer, and to get better adhesion between 
the electrode and the SEI layer in order to keep the passivation effect.  
 Recently, a few experimental or computational studies have been conducted to 
evaluate the elastic properties of the SEI layer. The Atomic Force Microscopy (AFM)-
based nano-indentation technique has been used to quantitatively investigate the elastic 
modulus of the SEI layer. A different surface contact stiffness of the SEI layer on a 
silicon anode was observed by adding the silane additive in the electrolyte [19]. It was 
also found that the Young’s modulus of the SEI layer on an MnO anode changes during 
the SEI formation process [20]. In addition to experimental observations, atomistic 
simulations were used to predict the elastic modulus of the SEI layer. A molecular 
dynamics simulation using the ReaxFF potential suggested that ethylene carbonate (EC)-
based SEI layer is stiffer than the dimethyl carbonate (DMC)-based SEI layer [21].  
 As mentioned earlier, the composition and structure of the SEI layer is quite 
dependent on the system including the anode material, the electrolyte, and the initial 
formation environment. Furthermore, the mechanical properties of the SEI layer are 
closely related to the composition and structure of the SEI layer. Previous studies, 
however, have not provided SEI elasticity based on its chemical composition and 
structure [19, 20]. Consequently, a study on the component-/structure-dependent SEI 
elasticity can provide useful guidance for building a more robust SEI layer. 
 Previous experimental studies have used the probe-based indentation technique to 
investigate elastic properties of the SEI layer [19, 20]. Nanoindenter and AFM have been 
widely used for the probe-based nano-indentation technique to characterize the nano-
mechanical properties of various materials. However, the technique is comparatively very 
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slow, which makes detailed topographical mapping difficult. In addition, relatively large 
deformation depths can lead a sample getting damaged, resulting in a poor lateral 
resolution. The large deformation depth can lead the measured values to be unreliable due 
to the substrate effect, since SEI layer thickness is typically very thin. It is commonly 
believed that the indentation depth should be less than a tenth of the film thickness to 
avoid the substrate effect [22]. The PeakForce Quantitative Nanomechanical (PF-QNM) 
mode with AFM, which was recently introduced, has allowed quantitative mechanical 
property mapping at the nanoscale with a high resolution and fast scanning for a range 
material firmness, from soft to hard [23–29]. It directly controls the maximum normal 
force to be constant, enabling small load forces with very small deformation depths of a 
sample, which can minimize the effect of a substrate on the measured modulus [22].  
 In this work, SEI elasticity is investigated based on a coupled technique: AFM 
with PF-QNM mode and X-ray photoelectron spectroscopy (XPS) measurements. Also, 
atomistic calculations are conducted to decompose the component and structure effects 
on the mechanical properties of the constituents of the SEI layer, which is not possible in 
the measurement. 
 
METHODS 
Experimental: Sample preparation 
A 2032 type-coin cell (MTI Corp.) was assembled in an argon-filled glove box 
(M Braun). The cell was assembled with a 0.75 mm thick lithium foil (99.9%, Alfa Aesar) 
as the counter electrode (12.7 mm in diameter circle), a highly oriented pyrolytic graphite 
(HOPG; SPI-2 grade, 5 × 5 × 1 mm, SPI supplies) as the working electrode, and a 
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separator (Celgard 2320, 15.88 in diameter circle) soaked in an electrolyte. The separator 
was immersed into the electrolyte in an aluminum container for 7 days before use. The 
electrolyte solution was 1 M lithium hexafluorophosphate (LiPF6; ≥ 99.99 %, Sigma-
Aldrich) dissolved in a mixture of ethylene carbonate (EC; 99%, < 0.005 % H2O, Sigma-
Aldrich) and dimethyl carbonate (DMC; ≥ 99%, < 0.002 % H2O, Sigma-Aldrich) with a 
volume ratio of 1:1. All electrolyte preparation and handling was carried out in an argon-
filled glovebox with water and oxygen contents lower than 0.1 ppm. The HF content of 
the electrolyte was less than 80 ppm, as determined by a non-aqueous titration method. In 
order to form the SEI layer on a HOPG sample, the assembled cell was cycled 25 times 
between 0.01 V and 1 V at a constant current density of 50 µA/cm2 using a battery test 
system (Biologic). After cycling, the cell was disassembled in an argon-filled glove box 
for characterizations. To fully understand the chemical composition of the SEI layer, both 
the 1st cycled sample and the 25th cycled sample were examined with XPS 
measurements. The HOPG electrode covered by the SEI layer was rinsed with the DMC 
solvent for 3 minutes, and was then vacuum-dried overnight to remove any residual salts 
on the sample. 
Experimental: Chemical analysis with XPS 
To analyze the chemical species existing in the SEI layer on the samples, XPS 
measurements were conducted on a Kratos Axis Ultra X-ray photoelectron spectrometer 
using a monochromatic Al Kα excitation source (hv = 1486.6 eV). The rinsed HOPG was 
vacuum-sealed in the glove box, and then transferred to the XPS instrument. The sample 
was briefly exposed to air during the transportation into the analysis chamber. It has been 
confirmed that a short air exposure—anything less than 2 minutes—does not significantly 
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change the surface chemistry on the sample [30]. The analyzed area of the SEI layer was 
300 × 700 µm2. The binding energy scale was calibrated from intrinsic hydrocarbon 
contamination using the C 1s peak at 285 eV. Core spectra were recorded with 20 eV 
constant pass energy. The fitting of core peaks were performed using the Shirley 
background correction and Gaussian-Lorentzian curve synthesis (70% Gaussian, 30% 
Lorentzian). Charge neutralization was used in measurements.    
Experimental: Mechanical analysis with AFM 
A mechanical property mapping was performed via PeakForce tapping mode 
using Bruker’s Dimension Icon AFM. PF-QNM measurements were done with silicon 
probes (TAP525A, Bruker) under ambient conditions. A probe was chosen for measuring 
both stiff and soft portions of the SEI layer. The deflection sensitivity of the cantilever 
was measured on a clean sapphire sample for the calibration of the probe. A nominal 
spring constant was used and then the tip radius was calibrated using a reference sample 
(highly ordered pyrolytic graphite, Bruker) with a known elastic modulus (18 GPa). The 
tip radius was adjusted until the observed modulus data matched the known modulus 
value. After calibrating the probe, topology and elastic modulus images were collected 
over a 2×2 µm2 area at a resolution of 512 pixels × 512 pixels. The line scanning rate was 
set to 0.5 Hz. Each set of Young’s modulus measurements on the sample is based on 512 
× 512 force-separation curves. To prevent damage to the SEI layer formed on the surface 
of the HOPG, the 2 nN tip force was applied to obtain the elastic modulus map before the 
scratch. The tip force was then increased to 100 nN to peel off the outer part of the SEI 
layer, which consists mostly of organic and polymeric species. After the scratch, the 2 nN 
tip force was set again to acquire the elastic modulus map for the scratched area. The PF-
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QNM measurement was performed in three different region of the sample. The Young’s 
modulus of the SEI layer was determined by fitting the Derjaguin-Muller-Toporov (DMT) 
model to the retracting curves of the obtained force-separation curves, as shown in Fig 
4.1. 
 
Figure 4-1. A schematic diagram of a force vs. separation curve in the PeakForce tapping mode. 
 
 According to the DMT model, the force that describes the tip-surface interaction 
behavior can be expressed as [31]: 
F− Fadh = 4𝐸 ∗ �R(d− d0)33  
where F is the tip-sample interaction force, Fadh is the adhesion force during the contact, 
E* is the reduced elastic modulus obtained from the DMT fit, R is the tip end radius, and 
d-d0 is the deformation of the sample. The Young’s modulus of the sample can be derived 
using the equation: 
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E∗ = �(1− 𝑣s2) Es⁄ + (1− 𝑣tip2 ) Etip� �−1 
where Es is the Young’s modulus of the sample, vs is the Poisson’s ratio of the sample, 
vtip is the Poisson’s ratio of the probe, and Etip is the Young’s modulus of the probe. In the 
PF-QNM measurement, the second term of the above equation was neglected, based on 
the assumption that Es « Etip. The Poisson’s ratio of the sample was assumed to be equal 
to 0.3. The maps obtained using these methods were post-processed with NanoScope 
Analysis software (Bruker). 
Computational: Molecular dynamics simulation 
 To predict the elastic properties of each SEI layer component, the COMPASS 
(Condensed-phase Optimized Molecular Potentials for Atomistic Simulation Studies) 
force field was used as potential functional parameters due to its high accuracy in 
predicting the condensed-phase properties for a broad range of organic, inorganic, and 
polymeric materials [32]. It has been shown that the COMPASS force field is capable of 
accurately predicting the elastic properties of organic and polymeric materials [33–36]. 
With the COMPASS force field, the solubility of lithium salts (organic and inorganic 
materials) found in the SEI layer was also calculated, showing trends similar to those in 
experimental observations [9]. For further validation of the force field, a lattice constant 
and a bulk modulus of crystalline inorganic materials were first compared with available 
experimental values as well as values of Density Functional Theory (DFT) calculations in 
the present study.  
 For the inorganic SEI layer component, both crystalline and amorphous structures 
were generated for the calculations. However, only amorphous structures were 
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considered for the organic and polymeric SEI layer components, since the organic and 
polymeric species in the SEI layer have been observed to exist as an amorphous phase 
[37–39]. Based on our XPS results, LiF and Li2CO3 were observed as the main inorganic 
components, thus these two components were considered in the numerical calculations. 
The initial unit cells of LiF and Li2CO3 crystal structures were imported from the 
available crystallographic data [40, 41], while amorphous structures were generated using 
the Amorphous Cell module of the Material Studio software package (version 6.0, 
Accelrys Inc.). The size of each simulation cell was in the range of 20Å to 30Å, 
depending on the types of SEI layer components. The generated structure was first 
subjected to a geometry optimization, followed by the isobaric-isothermal (NPT) 
dynamics at 105 Pa and 298 K for 1 ns in order to equilibrate the structure. The Nose-
Hoover thermostat and Berdensen barostat were used for the NPT ensemble. Finally, a 
200-ps production run was conducted to calculate the properties of the structure. To get 
the average values of properties, ten equilibrated structures were chosen in the production 
run. The Ewald summation was used to compute the non-bonded interactions, such as 
van der Waals and electrostatic interactions. 
 For the calculation of the elastic properties, the static approach with constant 
strains was employed [42]. This methodology has been adopted as a useful approach for 
estimating the elastic properties of various materials [42–46]. For each equilibrated 
configuration, the maximum strain amplitude was set to 0.003 so that the minimized 
structure was strained under a set of 12 deformations (three pairs of uniaxial 
tension/compression and three pairs of pure shear). The strained structure was then re-
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minimized following each deformation. The internal stress tensor was then obtained from 
the analytically calculated virial expression as follows: 
 
where index i runs over all atoms 1 through N (total number of atoms),  mi and vi 
are the mass and velocity of atom i,  is the relative position vector between atom i and 
atom j, denotes the force acting on atom i by atom j, Vo is the undeformed system 
volume, and  is the cross product. The elastic stiffness coefficients were finally 
determined by estimating the first derivatives of the stress with respect to strain.  
𝐂ijkl = ∂𝛔ij/ ∂𝛆kl 
where C is the elastic stiffness tensor, σ is the stress tensor, and ε is the strain tensor. The 
elastic constants were then averaged over ten equilibrated configurations. In order to 
predict the elastic aggregate properties of the bulk (B) and shear modulus (G), the Voigt-
Reuss-Hill (VRH) approximation method was used by averaging the elastic constants of 
the single crystal over all orientations [47].  
BVoigt = 1/9[C11 + C22 + C33 + 2(C12 + C13 + C23)] BReuss = [S11 + S22 + S33 + 2(S12 + S13 + S23)]−1 GVoigt = 1/15[C11 + C22 + C33 − C12 − C13−C23 + 3(C44 + C55 + C66)] GReuss = 15[4(S11 + S22 + S33 − S12 − S13−S23) + 3(S44 + S55 + S66)]−1 
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 The Hill value is defined as the average of values obtained by the other two 
approaches, namely, BHill=(BVoigt + BReuss)/2 and GHill=(GVoigt + GReuss)/2 [48]. From the 
averaged bulk and shear modulus, the Young’s modulus (Y) of an aggregate can be 
estimated based on the bulk modulus and the shear modulus as follows [49]. 
Y = 9BHillGHill/(GHill + 3BHill) 
 Here, we used the value obtained by the Hill approach to represent the bulk and 
shear modulus of each SEI layer component. 
 
RESULTS AND DISCUSSION 
Experimental: Chemical components of the SEI layer on a HOPG 
To identify the chemical composition of the SEI layer formed on a HOPG surface, 
an XPS analysis was conducted. Figure 4.2 shows high-resolution XPS spectra of the SEI 
layer formed on the HOPG basal plane after the 25th cycle. The graphite peak at 284.3 
eV in the C 1s spectrum is not identified, indicating that the HOPG surface is fully 
covered by the SEI layer. The chemical composition of the SEI layer consists of various 
chemical species, including solvent reduction/decomposition products, polymeric species, 
and salt reduction/decomposition products. 
Based on the peak fitting of the C 1s spectrum, five peaks can be assigned. The 
peak at 285 eV, assigned to C-C, C-H bonds, is attributed to the intrinsic hydrocarbon, 
alkanes (C-H), and polymers which consist of hydrocarbons (-CH2-CH2- type bonds) [50-
55]. The second peak at near 286.3 eV corresponding to C-O bonds associates with 
oxygen-containing polymeric species such as polyethylene oxide PEO (-CH2-CH2-O-)n 
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and lithium alkyl carbonates ROCO2Li [30, 50, 52, 55]. The two peaks in the vicinity of 
287.3~288.5 eV originate from the contribution of the ROCO2Li [30, 50, 55]. The lithium 
alkyl carbonates ROCO2Li are formed due to the reduction of solvents, and have widely 
been considered to be one of the main components of the SEI layer on negative 
electrodes. The formation of PEO oligomers has also been suggested by a ring-opening 
mechanism of the solvent EC, leading to the formation of CO2 [14, 15]. In O 1s spectrum, 
the broad asymmetric peak is due to a convolution of Li2CO3 (531.5 eV) and ROCO2Li 
(532.3 eV). A shoulder at 533.9 eV originates from PEO oligomers and a portion of 
ROCO2Li [30, 50]. The small peak near 528.7 eV corresponds to the formation of Li2O, 
which is known as a consequence of Li2CO3 decomposition or trace amounts of water in 
the electrolyte [50, 51, 54, 56]. The presence of Li2O in the SEI layer remains a matter of 
debate. Previous study reported that the observed Li2O could be an artifact of the 
sputtering process rather than a true SEI component [56]. However, there is an agreement 
that the Li2O is not a major component of the SEI layer. In this work, a small amount of 
Li2O is found in the SEI layer without any sputtering process. 
Besides the solvent reduction products, salt reduction or decomposition 
compounds are clearly detected as a portion of SEI layer. The inorganic LiF (685.5 eV in 
F 1s, 56 eV in Li 1s) and salt residues, including LiPF6 and LixPFy (near 687.5 eV in F 1s) 
are also formed at the surface [30, 52–54]. The strong peak at 137.3 eV in the P 2p 
supports that salt residues or its reduction products are formed considerably in the SEI 
layer. A small amount of LixPFyOz (134.2 eV in the P 2p) due to the hydrolysis of LiPF6 
is observed in the SEI layer as well [30]. 
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Figure 4-2. F 1s, O 1s, C 1s, P 2p, Li 1s XPS high-resolution spectra of the 25th cycled HOPG. 
 
 In order to obtain more clear information on chemical composition of the formed 
SEI layer after the 25th cycle, the 1st cycled HOPG was compared to the 25th cycled 
HOPG, as shown in Fig. 4.3. The main difference is that an undetected peak at 289.7 eV 
is visible after the 25th cycle, indicating the formation of the lithium carbonate Li2CO3 
during the cycling (Fig. 4.3a). This result suggests that less stable compounds partially 
converted to the Li2CO3 over repeated cycling. It has been previously observed that the 
metastable ROCO2Li can decompose to form the more stable Li2CO3 at high temperature 
and over repeated cycling [30, 57]. It is supported by an observation that the intensity of 
dominant peaks associated with ROCO2Li and PEO (near 286~287 eV in Fig. 4.3a) 
decreases after the 25th cycle.  
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Figure 4-3. Comparison of the 1st cycled and the 25th cycled HOPG: (a) C 1s XPS spectrum, (b) 
F 1s XPS spectrum. 
 
 Compared to the Li2CO3, the inorganic LiF (685.5 eV in Fig. 4.3b), which is 
observed in the SEI layer formed after the 1st cycle, is still seen after the 25th cycle (Fig. 
4.3b). However, the significant increase of peak intensity at 685.5 eV after the 25th cycle 
indicates that the extent of the LiF considerably increases over repeated cycling. That is, 
a considerable amount of the LiF is included in the SEI layer after the 25th cycle 
compared to the SEI layer formed after the 1st cycle. Consequently, it is expected that the 
SEI layer formed after the 25th cycle is stiffer than after the 1st cycle. As the SEI layer 
after 25 cycles is thicker than that after 1st cycle, it implies that the inorganic LiF 
considerably exists in the outer part as well as the inner part of the SEI layer. It has been 
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suggested that the LiF widely distributes throughout the SEI layer as a form of isolated 
crystallites rather than a solid layer [55, 56]. In addition, the peak (688 eV) related to the 
salt residue LiPF6 shifts to the lower binding energy (687.5 eV) due to the formation of 
the degradation products LixPFy after the 25th cycle [53]. That is, the salt residue and 
reduction products are also distributed throughout the SEI layer, thereby those species 
can be found on the surface. Therefore, it is expected that these stiff components such as 
Li2CO3, LiF, LiPF6, LixPFy, and LixPFyOz significantly contributes to the elastic modulus 
of the SEI layer. 
Experimental: Elastic modulus of the SEI layer 
Figure 4.4 shows the measured DMT modulus maps with the corresponding 
cross-section plots using PeakForce QNM imaging mode for a fresh HOPG (Fig. 4.4a), a 
25-time cycled HOPG before scratching (Fig. 4.4b), and the same sample as in Fig. 4.4b 
but scratched (Fig. 4.4c). As shown in Fig. 4.4a, the elastic modulus of the fresh HOPG 
basal plane is about 10.9 ± 2.9 GPa, which is in good agreement with the reported 
Young’s modulus of 10.5 GPa that was found in the literature [58]. Although the elastic 
modulus is quite consistent over the scan area, a slight variation still exists in the 
observed elastic modulus. This variation may come from the surface roughness and 
defects of the HOPG samples. The dulled or contaminated tip while scanning the surface 
may also contribute to the variation.    
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Figure 4-4. Representative maps of DMT modulus with corresponding cross sections: (a) HOPG 
before cycling, (b) SEI layer formed on HOPG after 25 cycles, (c) SEI layer formed on HOPG 
after scratching. 
 
 As confirmed by the XPS measurements above, an SEI layer is formed after 
cycling, and the formed SEI layer in the cycled HOPG consists of various chemical 
components (Fig. 4.4a). Figure 4.4b shows a change of modulus after the sample is 
cycled; a lower elastic modulus is observed compared to the fresh HOPG. The average 
elastic modulus measured in the entire scan area (2×2 µm2) shows 3.8 ± 5.6 GPa. The 
observed large deviation is mainly due to the observed inhomogeneous elastic modulus as 
well as the non-uniform SEI surface. In the image, the bright (white color) spots indicate 
a relatively high elastic modulus compared to the dark (brown color) area. Our XPS 
results show that the SEI layer is composed of organic/polymeric compounds, inorganic 
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compounds, and salts residues. In general, inorganic materials have higher elastic moduli 
compared to organic materials, thus it is expected that the higher modulus is associated 
with partially exposed inorganic compounds through porous organic outer layer, and 
LiPF6 salt residues and its decomposition products (LiF, LixPFy, and LixPFyOz) on the 
surface. It is supported by the previous XPS results: the salt decomposition species 
(mainly the LiF) exist in a significant way on the surface after 25 cycles. The lower 
modulus can be explained by the existence of organic and polymeric species. In order to 
further confirm our observation, the outer portion of the SEI layer is scraped off by 
increasing the tip force during the scan.  
Figure 4.4c shows the elastic modulus map and corresponding cross-section 
profile of the SEI layer after the scratch. The average elastic modulus in the whole scan 
area increases to 8.3 ± 11.5 GPa. As mentioned, the large deviation is due to distinct 
difference in the elastic modulus (bright vs. dark) within the scan area. The DMT 
modulus plots at the same cross-section line (Fig. 4.4b vs. Fig. 4.4c) clearly prove that the 
elastic modulus significantly increases after the scratch. The increased modulus is related 
to the increased amounts of inorganic component portions of the SEI layer after the 
scratch. It has been known that dense inorganic components that are present at the inner 
portion of the SEI layer close to the electrode and porous organic/polymeric species 
mainly consist of the outer portion of the SEI layer. During the scratch, it seems that soft 
organic and polymeric species are easily removed, revealing more inorganic compounds 
that exist at the inner part of the SEI layer.  
Note that the organic/polymeric species are still observed in some regions, 
suggesting that one scratch is not enough to entirely remove the outer part of SEI layer. 
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Only one scratch was conducted to minimize the effect of the dulled or contaminated tip 
on the modulus measurements. The histograms illustrated in Fig. 4.5 provide a clear 
difference in the elastic modulus before (Fig. 4.5a) and after the scratch (Fig. 4.5b), 
corresponding to the maps shown in Fig. 4.4b and Fig. 4.4c, respectively.  
 
Figure 4-5. Histograms of DMT modulus: (a) SEI layer before scratching, (b) HOPG after 
scratching. 
 
 Before the scratch, the measured elastic modulus of the SEI layer is mostly in the 
range from 0.2 to 4.5 GPa, showing around 84% of the elastic modulus values below 4.5 
GPa. After the scratch, the amount of species exhibiting low elastic moduli decreases, 
while the amount of species with high elastic moduli increases, showing around 47% of 
the elastic modulus values above 4.5 GPa. It indicates that SEI compounds other than 
organic and polymeric species in abundance on the surface, which implies the more 
exposure of inorganic species due to the scratch.  
 On zooming into the inorganic region that shows a considerable number of high 
elastic moduli (Dotted square area A in Fig. 4.4c), the histogram indicates that the 
modulus is mainly in the range from 20 to 85 GPa, as shown in Fig. 4.6a. The histogram 
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of area B (Fig. 4.6b) shows 1.0 ± 0.2 GPa, which is in a similar range of polymeric and 
organic phase materials [25, 26, 59–62].  
 
Figure 4-6. Histograms of DMT modulus: (a) The dotted square area A in Fig. 4.3c (Inorganic 
region), (b) The dotted square area B in Fig. 4.3c (Organic/polymeric region). 
 
 Note that a wider range of elastic moduli is measured at the region identified as 
inorganic species than the region of the organic and polymeric phase region. This may 
come from two reasons related to the chemical and structural characteristics of the 
inorganic components of the SEI layer. First, a wide variance in the elastic moduli of the 
inorganic components (LiF, LixPFy, LixPFyOz, Li2CO3, and salt residues) can contribute 
to the observed wide range of elastic moduli. Second, crystallinity and crystal orientation 
may result in the broad range of inorganic species’ elastic moduli. It has been reported 
that the elastic properties of various materials strongly depend on its degree of 
crystallinity and crystal orientation [62–65]. The elastic modulus versus the crystallinity 
linear relationship has been observed in polyethylene [63]. A DFT calculation has shown 
that a variation of Young’s modulus can be around 70 GPa depending on the angle 
between the crystal c-axis and the direction of strain [65]. In the literature, it has been 
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reported that the organic components exist as an amorphous phase, while the inorganic 
components form a (poly)crystalline phase. However, it is still possible that a portion of 
the inorganic SEI layer exists as a form of an amorphous phase during the SEI formation 
and evolution process. In the next session, this structure-dependent SEI elasticity is 
discussed. 
Computational: Structure-dependent SEI layer elasticity 
Based on our XPS measurements and other literature, LiF and Li2CO3 are 
recognized as the main inorganic components of the SEI layer. These components are 
chosen to explore the structure-elastic property relationship of the individual inorganic 
SEI layer components. Table 4.1 lists the cell lattice parameters of the equilibrated 
crystalline structures calculated in this work, including experimental data and other 
calculations for comparison [41, 66–69]. 
Table 4-1. Experimental and calculated lattice parameters (a, b, and c in Å) and angle (β in °) of 
inorganic crystalline species. 
 LiF 
Li
2
CO
3
 
Experiment 4.03 
a
 8.36/4.97/6.19/114.79 
c
 
Calculation 3.88 ~ 4.13 
b
 
8.41/5.03/6.30/114.80 
d
 
8.32/4.93/5.90/116.07 
e
 
This work 4.18 8.94/5.11/6.19/119.53 
a From Ref. 66, b From Ref. 67, c From Ref. 41, d From Ref. 68, e From Ref. 69 
 
 The cell lattice parameters of the equilibrated crystalline structures in this work 
are quite close to the experimental values, showing less than a 6% deviation from the 
experimental values. Depending on the calculation methods or the force field used, the 
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calculated values in the literature vary up to around 7% of each other, as shown in Table 
4.1.  
To evaluate whether the equilibrated structures represent the characteristics of a 
crystalline or an amorphous structure, the total pair distribution function, g(r), which 
describes the distribution of the distances between pairs of atoms in a given volume, is 
plotted in Fig. 4.7.  
 
Figure 4-7. Total pair distribution function, g(r): (a) LiF, (b) Li2CO3; Upper and bottom figures 
represent crystalline and amorphous structures, respectively. 
 
 Compared to the equilibrated crystalline structures showing an existence of long-
range order, the equilibrated amorphous structures show a short-range order because they 
show the presence of peaks over a much shorter distance compared to the crystalline 
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structures. Therefore, the equilibrated amorphous structures do a good job of reproducing 
the features of an amorphous solid.   
 In order to investigate the effect of the crystallinity of the SEI layer components 
on the elastic properties, the estimated bulk, shear modulus, and B/G ratio values of the 
SEI inorganic components are calculated, as shown in Table 4.2.  
Table 4-2. Predicted elastic properties (B, G in GPa) of inorganic LiF and Li2CO3 with different 
crystal structures (Crystalline vs. Amorphous). 
 LiF 
Li
2
CO
3
 
 Crystalline Amorphous Crystalline Amorphous 
Bulk modulus 
(B) 89.4 45.5 50.5 43.1 
Shear 
modulus (G) 54.2 21.1 22.2 13.3 
B/G 1.65 2.16 2.27 3.24 
 
 The calculated bulk modulus of crystalline LiF (89.4 GPa) is within the other 
calculated values that vary from 60 to 95 GPa, and is close to the experimental values of 
69.9, 73.0 GPa [67, 70]. The calculated bulk modulus of crystalline Li2CO3 (50.5 GPa) 
also shows good agreement with other calculated values in the range of 41.7 to 55.5 GPa 
[69]. Based on Pugh’s criterion (B/G ratio) of a brittleness material [71], the crystalline 
LiF behaves in a brittle manner (B/G < 1.75), while the crystalline Li2CO3 is a ductile 
material (B/G > 1.75). Other theoretical calculations based on DFT also predict that the 
monoclinic Li2CO3 is a ductile material, showing B/G values above 2 [69]. Generally, the 
bulk modulus of an amorphous structure has a lower value than that of the crystalline 
structure of the same material. For the amorphous phase, the bulk moduli of LiF and 
Li2CO3 are 45.5 and 43.1 GPa, respectively. Similar trends can be found in the shear 
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modulus and the Young’s modulus. Figure 4.8 clearly shows the structure dependence of 
the SEI elasticity. 
 
Figure 4-8. The predicted Young’s modulus of inorganic SEI component with different crystal 
structures (Crystalline vs. Amorphous). 
 
 The crystalline LiF shows 135.3 GPa, which is close to the experimental value (~ 
125 GPa) [72], while the amorphous LiF has a considerably lower value of 58.1 GPa. 
Similarly, the Young’s modulus of crystalline Li2CO3 (54.8 GPa) is also quite higher than 
the amorphous phase of Li2CO3 (36.2 GPa). Note that the influence of the microstructure 
on the elastic properties is much larger for the LiF than for the Li2CO3. The change in the 
structure of the LiF not only decreases the modulus, but also changes the brittle and 
ductile behavior of the LiF material. According to the B/G ratio shown in Table 4.2, the 
LiF component behaves as a ductile material under an amorphous state, while it behaves 
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as a brittle material under a crystalline state. However, the Li2CO3 component exists as a 
ductile material regardless of its being in a crystalline or amorphous phase.  
 Since an SEI layer is not homogenous and it is formed on a composite anode 
material with crystalline (graphite) and amorphous (binder) features, pure Li2CO3 and 
LiF with crystalline features might not be formed or changed during the SEI formation 
and growth. It has been observed that pure Li2CO3 with a crystalline feature can be 
changed to an amorphous feature of Li2CO3 as the Li2CO3-Al2O3 composite solid 
electrolyte is synthesized due to chemical reactions between the composite components 
[73]. Several chemical reactions, such as salt/solvent decompositions and reactions 
between SEI species and the electrolyte are involved in SEI formation and growth. Thus, 
it is possible for the inorganic LiF and Li2CO3 to exist as forms of a polycrystalline or 
even amorphous phase, rather than a pure crystalline phase. It has also been found that 
thin film LiF with the preferred orientation changes to a completely random structure as it 
grows on an amorphous substrate [74]. Thus, the SEI growth on the composite anode and 
the inhomogeneous SEI layer itself could make it difficult to form well-ordered structures, 
even though pure LiF and Li2CO3 show high crystalline features. Consequently, the 
observed wide range of the elastic modulus—especially at the inorganic regions 
compared to organic regions—can be explained by the atomistic calculation results in this 
section. If the inorganic components can exist as different crystal structures in the SEI 
layer, the inorganic SEI layer shows a large variation of the elastic modulus.  
Computational: Component-dependent SEI layer elasticity 
Figure 4.9 shows the atomic structure of each SEI layer component used in the 
calculations. These components have been known as the main chemical species typically 
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found in the SEI layer in the EC/DMC-based electrolyte. Our XPS results also confirm 
that the formed SEI layer on the HOPG surface mainly consists of these organic, 
polymeric, and inorganic chemical components, such as Li2EDC, LiEC, LiMC, PEO, LiF, 
and Li2CO3. 
 
 
Figure 4-9. The chemical structures of SEI components (Organic, polymeric, and inorganic 
species) used in simulations. 
 
 The calculated bulk (B) and shear (G) modulus of each amorphous 
organic/polymeric component with its B/G value are listed in Table 4.3. The bulk 
modulus of organic/polymeric species ranges from 2.5 GPa to 18.9 GPa in the order of 
PEO < LiEC < LiMC < Li2EDC, which is similar to the order in the previous work [21]. 
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The discrepancy between the calculated and measured values may be due to the 
simulations performed on defect-free materials or experimental assumptions, such as 
Poisson’s ratio and the DMT model. Note that the calculated values of organic/polymeric 
species are considerably lower than those of inorganic species (Table 4.2) regardless of 
the crystal structure.  
Table 4-3. Predicted elastic properties (B, G in GPa) of main organic and polymeric SEI 
components. 
 Li2EDC LiEC LiMC PEO 
Bulk modulus (B) 18.9 5.8 8.9 2.5 
Shear modulus (G) 8.4 3.1 4.1 0.9 
B/G 2.25 1.87 2.17 2.77 
 
 The shear modulus follows the same order as the bulk modulus (PEO < LiEC < 
LiMC < Li2EDC). The organic species of the SEI layer have a higher elastic modulus 
than the polymeric PEO of the SEI layer. Among organic species, the elastic modulus of 
Li2EDC, which is known as a primary component in the EC-based SEI layer, is relatively 
high compared to other organic species. One of the main decomposition products in the 
DMC-based SEI layer, LiMC, also has a lower modulus than the Li2EDC. According to 
our simulation results, it seems that the EC-based SEI layer is stiffer than the DMC-based 
SEI layer. The trend is in a good agreement with the previous observation [21]. As 
expected, all organic and polymeric species of an SEI layer show ductile behaviors based 
on the calculated B/G values (> 1.75). Specifically, the organic species (Li2EDC and 
LiMC) of EC and DMC decomposition products are less ductile than the polymeric PEO.  
 Figure 4.10 compares the Young's modulus of each SEI layer component 
constructed as an amorphous structure. The figure illustrates the component dependence 
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of the SEI elasticity. It clearly shows that the SEI elasticity is linked with the chemical 
composition of the SEI layer. The Young's moduli of different SEI components range 
from 2.4 GPa to 58.1 GPa in order of the polymeric, organic, and inorganic components, 
specifically PEO < LiEC < LiMC < Li2EDC < Li2CO3 < LiF. The inorganic LiF is the 
stiffest component of the SEI layer, while the polymeric PEO is the most flexible part of 
the SEI layer. Even if the inorganic components are assumed to be amorphous, a 
considerable difference is still observed between the Young's moduli of inorganic and 
organic/polymeric species. The elasticity difference between organic layers and inorganic 
layers in the SEI layer is even more significant if inorganic species exist as crystalline or 
polycrystalline phase. Therefore, the extremely high modulus values observed in our 
experiments are possibly due to crystalline LiF and other crystalline inorganic species. 
 
Figure 4-10. Predicted Young’s modulus of each individual SEI component. 
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 The flexible organic/polymeric layer that exists at the outer part of the SEI layer is 
possibly less affected by a large strain due to volume changes during intercalation and 
deintercalation. On the other hand, the stiff inorganic layer that forms at the inner part of 
the SEI layer would be difficult to withhold from large strain, causing mechanical 
degradation of the inorganic inner layer. Especially, the inner part that consists of LiF 
species rather than Li2CO3 is likely to experience a failure or cracking of the SEI layer 
due to the induced stress. For this reason, as an example, for a silicon anode with such a 
huge volume change, Li2CO3 would be a more favorable component than LiF as an 
inorganic layer keeping a good passivation characteristic. In a similar way, as an organic 
layer, the formation of polymeric PEO rather than other organic species is more effective 
for SEI elasticity, building a more flexible SEI layer. Therefore, it is important to control 
SEI chemical composition to achieve desirable SEI elasticity, especially an electrode with 
a large change in volume. 
 
CONCLUSIONS 
 In this work, the SEI elasticity has been studied both experimentally and 
computationally. To characterize the SEI elasticity, the SEI layer formed on a HOPG 
electrode in an electrolyte (1M LiPF6 in EC:DMC (1:1, v/v)) has been investigated using 
PF-QNM and atomistic calculations. Both experimental and computational results have 
shown that SEI elasticity is strongly affected by the SEI chemical composition. We have 
found significant differences in the SEI elastic properties between organic/polymeric 
components and inorganic components of SEI layer. Experimental results have revealed 
that the inner layer contains considerably more of the stiff species than the outer layer 
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does. Computational results have shown the component and its structure dependence of 
SEI elasticity. The elasticity of each main SEI component has been determined, showing 
stiffer behavior in the order of LiF > Li2CO3 > Li2EDC > LiMC > LiEC > PEO. In 
addition, it has also been shown that the elasticity of SEI inorganic component varies 
significantly depending on its crystal structure. In particular, the elasticity of LiF is more 
easily affected than Li2CO3 by change in the crystal structure.  
 The findings from this work can be used in controlling the SEI layer to minimize 
damage to the SEI layer. The mechanical stability (adhesion, elasticity, etc.) of the SEI 
layer can be achieved by changing formation conditions and electrolytes (salts, solvents, 
and additives). For instance, the formation of an inorganic layer with an amorphous 
feature, and of a PEO polymeric layer rather than an EC- or DMC-based organic layer 
would be desirable for forming a flexible SEI layer. This strategy focused on mechanical 
stability would be critically important for new promising materials like silicon in which 
the main challenge is to mitigate the mechanical instability. 
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CHAPTER V.  
EFFECTS OF FLUOROETHYLENE CARBONATE ON ANODE AND 
CATHODE INTERFACES AT ELEVATED TEMPERATURES*  
 
INTRODUCTION 
It is well known that lithium-ion batteries experience significant capacity fade 
during cycling or storage at elevated temperatures. However, the mechanisms responsible 
for the capacity fade at elevated temperatures are poorly understood because the capacity 
fade is caused by several interdependent factors. On anode side, most previous studies 
have identified the degradation of the solid electrolyte interphase (SEI) as the factor 
primarily responsible for the capacity loss seen at elevated temperatures [1-4]. 
Temperature-induced reactions, such as SEI decomposition, redox reaction, and 
electrolyte decomposition, cause changes in the morphology and composition of the SEI 
layer [3]. Deposition of transition metal ions, which are dissolved from cathode active 
materials at elevated temperatures, onto the anode/electrolyte interface also contributes 
significantly to the degradation of the SEI layer [5-7]. Degradation of the SEI layer 
results in SEI reformation and growth, during which cyclable lithium ions are consumed 
additionally. Thus, the degraded SEI layer cannot sustain its original properties, which 
affects the degradation of anode performance [1, 3, 7]. For instance, an increase in the 
                                                 
* This chapter includes content from an unpublished paper in review: H. Shin, J. Park, W. Lu, and A.M. 
Sastry, Journal of the Electrochemical Society. 
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level of inorganic components present in the SEI layer can lower the ionic conductivity of 
the SEI layer, which hinders lithium ion transport into/from the anode [4]. 
While degradation of the SEI layer has been considered the main contributor to 
the fade in capacity at the anode side, several factors has been proposed as reasons for the 
capacity fade that comes from the cathode side. In particular, LiMn2O4 shows the most 
severity in terms of (i) the dissolution of cathode materials due to the disproportionation 
reaction and hydrofluoric acid (HF) attack; (ii) formation of cathode surface films due to 
continuous decomposition and oxidation of the electrolyte; (iii) irreversible phase and 
structure transition (i.e. Jahn-Teller distortion); and (iv) structural instability at higher 
potential (i.e. transformation of the unstable two-phase structure to a more stable single-
phase structure via the loss of MnO and Mn2O3) [4,8-10]. 
Several modifications have been made to the cathode side in order to improve the 
poor performance observed at elevated temperatures. For instance, a considerable degree 
of Mn dissolution, as well as structural instability, have been suppressed by partially 
substituting Mn with transition metals, such as Co, Cr, or Ni, and coating the surface with 
diverse metal oxides [11, 12]. Nevertheless, considerable decay in performance was still 
observed at elevated temperatures in LiMn2O4/graphite Li-ion cells [12]. Thus, problems 
associated with the electrode/electrolyte interfaces have attracted considerable attention 
as key issues that need to be addressed to solve the battery degradation at elevated 
temperatures. In particular, the instability or poor characteristics of the SEI layer formed 
on the anode has been identified as a main issue that must be addressed to further 
enhance battery performance at elevated temperatures. 
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The use of electrolyte additives has been considered one of the most effective and 
economical ways to construct a robust and thermally stable SEI layer on the anode side. 
Electrolyte additives are electrochemically decomposed on the graphite anode before the 
reductive decomposition of the main organic solvents, thereby ensuring the stability of 
the SEI layer. The reduction-type additives, such as vinylene carbonate (VC), vinyl 
ethylene carbonate (VEC), and fluoroethylene carbonate (FEC), have typically been 
selected to modify the SEI layer on the anode, thereby enhancing battery performance at 
both room and high temperatures [13]. VC has been widely using to improve the 
electrochemical performance and thermal stability of Li-ion batteries [14-22]. It has been 
reported that adding less than 2% VEC to the electrolyte helped improve cell 
performance due to the modified SEI layer [23-25]. 
Many studies have recently been conducted on the effects of FEC on anode 
performance. It was reported that adding FEC was beneficial to performances of graphite 
and silicon anodes because it formed a desirable SEI layer [26-32]. However, a recent 
study showed a conflicting result, suggesting the detrimental effect of FEC on anode 
performance [33]. Thus, the impact of FEC on the anode still remains unclear.  
In addition, the fundamental mechanism of FEC decomposition is still 
controversial in the literature. One potential mechanism suggested that FEC might lose 
hydrogen fluoride (HF) through dehydrofluorination to form polymers of VC [13, 31]. In 
this case, lithium fluoride (LiF) and poly(vinylene carbonate) were reported as the main 
species present in the SEI layer on the anode. Another decomposition mechanism 
involved opening of the five-membered ring, which led to the formation of lithium 
poly(vinyl carbonate), LiF, and some dimers [34]. A recent ab initio molecular dynamics 
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simulation proposed that both one- and two-electron mechanisms led to the rapid release 
of F- to form LiF [35]. Due to these different decomposition mechanisms, there are still 
discrepancies regarding the nature of the chemical species that constitute the SEI layer 
formed on the anode side [29-32].  
While several studies have attempted to elucidate the effects of electrolyte 
additives on battery performance, emphasizing the properties of the SEI layer on the 
anode, relatively little attention has been paid to understanding of the effects of 
electrolyte additives on the cathode side. Recently, Burns et al. claimed that reduced 
electrolyte oxidation at the cathode side is primarily responsible for the enhanced 
capacity retention observed at elevated temperatures due to the addition of VC and that 
the effect of VC at the anode is less important [19]. In addition, it was reported that the 
addition of VC considerably suppressed Fe dissolution from LiFePO4 cathode material at 
elevated temperatures [17]. However, this is not the case for LiCoO2 cathode material. It 
was suggested that the VC remaining after formation of the SEI layer reacts with the 
cathode surface, leading to Co dissolution during storage at high temperature [20]. It was 
also shown that the addition of VEC had significant effects on the surface of the cathode, 
improving the electrochemical performance of a LiNo0.8Co0.2O2 /Li cell at 50 °C [36]. 
Thus, the use of electrolyte additives not only affects the anode side but also the cathode 
side. An in-depth understanding of the cathode/electrolyte interface driven by electrolyte 
additives is necessary to fully evaluate the effects of electrolyte additives on the 
performance of Li-ion batteries. To the best of our knowledge, this is the first effort to 
systematically study the effects of FEC on the cathode interface at elevated temperatures. 
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The goal of this work is to improve our understanding of the influence of FEC on 
both the anode and cathode sides. We first investigate the effects of FEC on anode 
(graphite) performance at elevated temperatures. Next, we conduct a comprehensive 
investigation of the effects of FEC on the performance of the cathode (LiMn2O4) at 
elevated temperatures, identifying its mechanisms of action by focusing on Mn 
dissolution and surface film formation at the surface of the cathode electrode. 
 
METHODS 
Preparation of electrodes and battery cells  
Composite electrodes were prepared to investigate effects of FEC on the 
performance of a graphite anode and a LiMn2O4 (LMO) cathode. To prepare the graphite 
electrode, a slurry was prepared by mixing synthetic graphite powder (90 wt%)(Timrex 
SLP30, Timcal) with a polyvinylidene fluoride (PVdF) binder (10 wt%)(Kureha 7208, 
Kureha America) dissolved in N-methyl-2-pyrrolidone (NMP) using a SpeedMixer 
(FlackTek Inc.). The resulting slurry was cast onto a 9 μm-thick copper foil at a constant 
speed using a 9-mil film applicator with a doctor-blade film coater (MTI Corp.). To 
prepare a LMO slurry, LMO powder (95 wt%)(Electrochemical grade, particle size <5 
μm, Sigma-Aldrich), carbon black (5 wt%)(Super C65, Timcal), and PVdF binder (5 wt%) 
dissolved in NMP solution were mixed and cast onto a 15 μm-thick aluminum foil using 
the procedure described above. All composite electrodes were then dried overnight in a 
vacuum oven at 110 °C. The dried electrodes were punched out as disks with an area of 
0.785 cm2 and vacuum-dried again before being used for coin-cell assembly. To assemble 
2032-type coin cells, the working electrode was assembled in a half-cell configuration 
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with a Li foil counter/reference electrode (0.75 mm thick, 99.9%, Alfa Aesar) and a 
separator (Celgard 2320) soaked in electrolyte solution The base electrolyte was 1.0 M 
lithium hexafluorophosphate (LiPF6) (Battery grade, <50 ppm HF, <15ppm H2O, Sigma 
Aldrich) dissolved in a 1:1 (by volume) mixture of ethylene carbonate (EC) and dimethyl 
carbonate (DMC).  FEC (5 wt%) (99% fluoroethylene carbonate, Sigma-Aldrich) was 
added to the base electrolyte in an aluminum container in order to prepare the FEC-
containing electrolyte. The HF content of the FEC-containing electrolyte was less than 50 
ppm, as determined by using a non-aqueous titration method. All electrolyte preparation 
and cell assembly operations were carried out in an argon-filled glovebox (M. Braun) at 
moisture and oxygen levels below 0.1 ppm. 
Electrochemical testing: Graphite/electrolyte interface  
The graphite/Li half-cells described above were used for electrochemical 
experiments, including electrochemical impedance spectroscopy (EIS) measurements, 
using a battery cycler (Biologic). To evaluate the effects of FEC on the performance of a 
graphite electrode at room and high temperatures, the half-cells were discharged 
(lithiation) and charged (de-lithiation) between 5 mV and 1.0 V at constant current (C/18 
rate) during the formation process (first 8 cycles). At each cutoff voltage, the voltage was 
held until the current reached 70% of the applied current. Subsequent cycles (C/3 rate) 
before the 31st cycle were performed at room temperature. These cycles were followed 
by an additional 30 cycles (C/3 rate) at room temperature or 55 °C, using a same charge-
discharge scheme used in the formation process. All C-rates are based on the theoretical 
capacity (372 mAh/g) of graphite.  
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To understand the characteristics of the SEI layer formed in the presence of FEC, 
the interfacial resistances of the cells after the formation cycles and the high temperature 
cycles (55 °C) were measured using EIS. Before the EIS measurements, the potential was 
held at 1.0 V for 5 h after each cycling. The frequency was scanned from 150 kHz to 50 
mHz using a 5 mV amplitude perturbation. To investigate the stability of the FEC-
derived SEI layer at elevated temperature, the change in total reduction charge of the 
FEC-containing cell, which is the sum of the reversible and irreversible discharge 
capacities, was compared with that of the FEC-free cell. The cycled cells (8 cycles for 
formation, followed by 22 cycles at room temperature) were stored at 55 °C for 7 days 
under an open-circuit condition, and then cycling was continued, starting with a reduction 
current, i.e., discharge of the half-cells.  
To further confirm the stability of the FEC-derived SEI layer, the amount of Li-
ions consumed during SEI reformation or recovery after high temperature storage was 
estimated by integrating the currents during constant voltage holds at 0.4 V, which is 
higher than the potential required for Li-ion intercalation in graphite (below 0.25 V vs. 
Li/Li+). For this electrochemical analysis, the cells were cycled at a rate of C/10 between 
5 mV and 1.0 V, including the constant voltage holds at each 0.4 V with a cutoff current 
of <1.5 μA, as shown in Figure 5.1. With this potential window (1.0 ~ 0.4 V), it was 
assumed that a major portion of the Li-ions would be consumed by SEI (re)formation and 
that the electron flow would be completely balanced by that Li-ion consumption, since 
Li-ion intercalation was excluded or at least minimized, as described in a previous study 
[37]. After 15 cycles, the cells were stored at 55 °C for 7 days, and then cycling was 
continued using the same procedure at room temperature. 
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Figure 5-1. Variations in current (blue) and potential (black) over time during a constant voltage 
hold at 0.4 V. 
 
Electrochemical testing: LMO/electrolyte interface  
To investigate the effects of FEC on the performance of the LMO cathode at room 
and high temperatures, the LMO/Li half-cells were cycled between 3.5 V and 4.3 V at a 
constant current (C/3 rate) during the formation process (first 5 cycles). This was 
followed by 50 cycles at the same rate, but at different temperatures (RT vs. 50 °C). For 
the EIS measurements, the potential was held at 3.5 V for 3 hours and the impedance of 
the cell was measured by applying a 5 mV amplitude perturbation over the frequency 
range of 150 kHz to 50 mHz. 
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Characterization  
The graphite particle morphology of the anode was examined by scanning 
electron microscopy (SEM) with an accelerating voltage of 10 kV.  
For the surface analysis of the cycled LMO cathode, X-ray photoelectron 
spectroscopy (XPS) was conducted using a Kratos Axis Ultra X-ray photoelectron 
spectrometer equipped with a monochromatic Al Kα excitation source (hv = 1486.6 eV). 
The cycled LMO electrode was rinsed with DMC solvent for 3 min and then vacuum-
dried to remove residual salts. Rinsed samples were vacuum-sealed in a glovebox and 
then transferred to the XPS instrument for analysis. An area of the cathode surface layer 
analyzed was 300 × 700 µm2. The binding energy scale was calibrated based on the 
graphite peak in the C 1s peak at 284.3 eV. Core spectra were recorded with 20 eV 
constant pass energy. Charge neutralization was used during the measurements. Depth 
profiles were obtained by Ar-ion beam sputtering using an ion beam voltage of 4 keV.  
To assess the dissolution of manganese from the LMO cathode, the composite 
LMO electrode was immersed in the electrolyte (1M LiPF6 in EC:DMC) with or without 
5 wt% FEC in an aluminum container in a glovebox. These aluminum containers were 
then stored in a vacuum oven for several days. After storage at elevated temperature, the 
content of Mn dissolved in the electrolyte was determined by inductively coupled plasma 
optical emission spectrometry (ICP-OES).  
To investigate the formation of HF upon thermal aging, the HF content of the 
electrolyte was measured by using an acid-based neutralization titration method.38 To 
ensure the accuracy of the measurement, the non-aqueous titration was performed in a 
glovebox, where the moisture content was maintained below 0.1 ppm. This titration was 
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performed using a 0.01 mol L-1 titrating reagent that was prepared by dissolving 
trimethylamine (Sigma-Aldrich) in DMC (Sigma-Aldrich) and a methyl orange indicator 
(Sigma-Aldrich). Using this non-aqueous titration method in an inert environment, the 
HF level of the same electrolyte was determined to be below 50 ppm (~ 38 ppm), which 
is in excellent agreement with the reported value (< 50 ppm) by the manufacturer. 
 
RESULTS AND DISCUSSION 
Effects of FEC on the graphite/electrolyte interface 
Figure 5.2 shows the differential capacity (dQ/dV) curves for the first charging 
(Li intercalation) of Li/graphite half cells with or without added FEC. A peak, which is 
associated with the reduction of EC, is observed at 0.6 ~ 0.7 V (vs. Li/Li+) was observed 
in the normal cell, while reduction peaks are observed at higher potential region (1.0 ~ 
0.7 V) in the FEC-containing cell.  
 
Figure 5-2. Differential capacity plots of Li/graphite cells with or without added FEC. 
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The reductions peaks at higher potentials are associated with the reduction of FEC, 
since LUMO energy (0.98 eV) of FEC is lower than that of EC (1.17 eV) [27]. This 
indicates that the reduction of FEC occurred on the anode surface prior to the reduction 
of EC. Thus, a FEC-derived layer, which consists of decomposition products of FEC, was 
formed in the FEC-containing cell, and this modified SEI layer might affect the 
performance of graphite electrodes. 
Figure 5.3 shows the cycling performance of graphite electrodes in FEC-
containing and FEC-free solutions at room temperature (Fig. 5.3a) and at 55 °C (Fig. 
5.3b). Graphite/Li cells were cycled at a C/18 rate during the formation process (first 8 
cycles), and then at a C/3 rate during the subsequent cycles at different temperatures. 
A gap in the initial specific discharge capacity between the FEC-containing cell 
and the FEC-free cell was observed. A lower reversible capacity was observed from the 
FEC-free cell, compared with the FEC-containing cell. It seems that the 
intercalation/deintercalation of lithium ions into the graphite through an SEI layer derived 
from a normal electrolyte (1M LiPF6 in EC:DMC) is extremely slow, so that the cell 
cannot attain the maximum capacity of the graphite electrode, even at a C/18 rate. The 
faster kinetics of lithium intercalation/deintercalation seen in the presence of FEC can be 
attributed to a modification of the characteristics of the SEI layer caused by the added 
FEC [39, 40]. As a result, a reversible capacity of 360~370 mAh/g, which is close to the 
theoretical maximum capacity of graphite (372 mAh/g), was achieved simply by adding 5 
wt% FEC to the electrolyte. This implies that the mobility of lithium ions through the 
FEC-derived SEI layer was superior to that in the conventional SEI layer, delivering 
almost the full capacity of graphite at a C/18 rate.   
 144 
 
 
Figure 5-3. The cycling behavior of Li/graphite cells with/without FEC at (a) room temperature 
and (b) elevated temperature. 
 
Note that the slight increase in reversible capacity during the formation process 
(first 8 cycles) was observed regardless of the use of FEC additive. The increased 
capacity during the initial cycles is consistent with the results of a previous study, in 
which the same graphite (SLP 30) was used [41]. The increase is due to the slow 
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electrolyte wetting rate in the porous electrode, which consisted of hydrophobic graphite 
and PvdF [42, 43]. Transport of the electrolyte into the pore networks of the electrode is 
greatly affected by the porosity and thickness of the electrode, as well as the particle 
morphology of the graphite; a combination of these factors determines the wetting rate of 
the electrolyte.  
After the formation process, the rate was increased to C/3 during subsequent 
cycles. In the FEC-free cell, the capacity decreased dramatically and reached its lowest 
point at 46.4% of the maximum capacity obtained at the C/18 rate. The decreased 
capacity recovered slightly within a few cycles and the capacity remained at this 
recovered level through the rest of the cycles. In contrast, the FEC-containing cell 
showed only a slight drop in capacity when the cycling rate was increased and the cell 
retained this capacity during cycling.  
As shown in Figure 5.4, the graphite used in this work had a relatively large 
particle size (d90 = 32 μm) with a potato shape that exhibited a high degree of preferential 
orientation. It has been reported that these rate effects are more pronounced with this type 
of graphite (large particles with a non-spherical shape) because there are longer diffusion 
lengths for the lithium ions in the particles and longer pathways for Li+ transport from the 
bulk electrolyte to the graphite surface [42, 44-46]. The sudden drop in capacity at the 
C/3 rate was somewhat associated with this type of particle morphology. However, this 
was not the main parameter affecting the rate capability of the graphite electrode. 
Surprisingly, the decrease in capacity at a C/3 rate was considerably reduced with the 
addition of FEC. In other words, the change in SEI properties was sufficient to overcome 
the drawbacks of the graphite electrode, allowing remarkable improvement in the rate 
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capability. Thus, the poor rate capability observed in the FEC-free cell can be attributed 
to a disruption of the SEI layer formed at the anode/electrolyte interface. 
 
Figure 5-4. SEM image of graphite (Timrex SLP 30): (a) Many graphite particles have a high 
degree of preferential orientation. (b) Close-up image of the square box (a), showing one particle 
exhibiting dimensions of 17 × 33 μm. 
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The result implies that the sluggish transport of lithium ions through the SEI layer 
is primarily responsible for the decrease in capacity at the increased rate, rather than the 
diffusion length for lithium ions in the graphite particles or the length of the pathways for 
Li+ transport to the graphite surface. Thus, modification of the SEI layer is a more 
important factor for improving poor rate capability than morphological modification of 
the graphite particles. It can be concluded that the modified SEI layer driven by the 
addition of FEC exhibited desirable properties for the fast transport of lithium ions and 
better chemical and mechanical stability at a high rate. 
In the FEC-free cell, the observation of a slight recovery of capacity from its 
lowest point might indicate that the mechanical instability of the conventional SEI layer 
also contributes to the observed capacity drop at the increased cycling rate. It seems that 
partial defects in the SEI layer occurred due to the stresses generated during fast 
intercalation and deintercalation of lithium ions and reformation of the SEI layer, 
exposing new graphite surfaces [47]. Similar to the previous explanation for the capacity 
increase during the initial cycles, electrolyte wetting of the new graphite surfaces, as well 
as restoration of the damaged SEI layer, could result in a slight increase in capacity 
within a few cycles. It is believed that the local current density and lithium concentration 
on the particle surface are relatively high for large particles of graphite [42]. The high 
current density and lithium concentration are likely to cause fast local SEI formation as 
well as fast local volume changes, with a greater probability of cracks or defects in the 
SEI layer [42]. 
When the temperature increased, most of the reduced reversible capacity was 
initially recovered in the cell with no additive (Fig. 5.3b). The increased temperature 
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facilitated the kinetics of lithium ion transfer at the interface, allowing considerable 
intercalation of lithium ions at the given rate. However, the capacity quickly decreased 
during cycling at the elevated temperature. This is mainly due to the instability of the SEI 
layer, as well as SEI growth, at elevated temperatures. SEI growth decreases the 
conductivity of the graphite agglomerate, and reduces the reversible capacity due to 
decreases in the amount of active material and in the kinetics of lithium insertion.48 
Capacity retention at elevated temperature improved significantly in the FEC-containing 
cell, indicating the stability of the FEC-derived SEI layer at elevated temperatures. 
Therefore, the FEC-derived SEI layer is expected to have desirable properties for the 
kinetics of lithium ion transfer and excellent stability at high temperature. 
The effectiveness of the FEC-derived SEI layer was confirmed by the impedance 
spectra, as shown in Figure 5.5. Compared with the FEC-derived SEI layer, the 
conventional SEI layer formed in the absence of additive showed higher interfacial 
resistance, which was displayed as two semicircles in the high and medium frequency 
ranges, after the formation cycle. Typically, these two suppressed semicircles represent 
the processes of Li+ transport through the SEI layer at higher frequencies and the so-
called charge-transfer at lower frequencies [18, 28, 49]. Recent studies have pointed out 
that the “charge-transfer” process at the graphite/electrolyte interface can be understood 
as an “ionic transfer” process involving two distinct, but closely  interwoven steps: (1) 
Li+ desolvation (i.e. stripping of the Li+ solvation sheath), and (2) the migration of the 
“naked” Li-ions through the SEI layer [50, 51]. Thus, the observed semicircles are 
correlated with these Li+ transport processes at the graphite/electrode interface. 
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Figure 5-5. Impedance spectra, represented as Nyquist plots, of Li/graphite cells with or without 
added FEC after (a) the formation cycle and (b) the 50th cycle at 55 °C. 
 
As shown in Fig. 5.5a, the lower interfacial resistance proved that the FEC-
derived SEI layer had desirable properties—such as a compact/flexible chemical structure, 
decreased thickness, and better Li+ conductance—for the faster Li+ transport at the 
interface. There has been good agreement that the FEC-derived SEI layer is much thinner 
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and denser than the EC-derived SEI layer [12, 29, 32, 33]. Although there was some 
discrepancy regarding the composition of the SEI layer derived from the FEC additive, it 
seems that this SEI layer had better mechanical stability, which allowed it to withstand 
the stresses that occur during fast intercalation/deintercalation, as well as better 
passivation, which minimized reactions between anode and electrolyte. As suggested by 
previous studies, the dense polymeric or oligomeric species that result from FEC 
decomposition were likely to improve the passivation and flexibility of the SEI layer [12, 
32, 33].  
Figure 5.5b shows that the stability of the FEC-derived SEI layer was well 
maintained, even at elevated temperatures. After cycling at high temperature, the increase 
in the interfacial resistance observed in the cell with added FEC additive was 
significantly lower than that of the cell with no additive. This result implies that the 
passivation effect of the FEC-derived SEI layer was still effective at elevated 
temperatures, suppressing further electrolyte decomposition and SEI growth. In contrast, 
a considerable increase in the interfacial resistance of the normal cell indicates that the 
conventional SEI layer failed to maintain the passivation and its integrity, possibly due to 
the dissolution or disruption of the SEI species, leading to continuous electrolyte 
decomposition and SEI growth. Consequently, a thick and resistive SEI layer could 
significantly interrupt Li-ion transport at the graphite/electrolyte interface. In addition, 
the conductivity of the graphite agglomerate would decrease due to poor contact between 
particles that were covered by the thick SEI layer.  
Another noticeable difference was observed at the intercept on the real axis at 
high frequency, which reflects an ohmic resistance that includes the electrolyte resistance, 
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the electronic resistance between active materials and current collectors, and the external 
connection resistance [49]. After cycling at high temperature, a higher ohmic resistance 
was observed in the cell without additive compared with the FEC-containing cell. This 
was due to increased electrolyte resistance that may originate from severe electrolyte 
decomposition and from the chemical species dissolved or decomposed from the SEI 
layer at elevated temperature. Since the FEC-derived SEI layer was chemically stable at 
elevated temperature, electrolyte decomposition and SEI dissolution was successfully 
restrained, allowing no increase in the ohmic resistance. 
Next, we further investigated the stability of the SEI layer at elevated 
temperatures by comparing the results of the total reduction charge over cycling test.  
 
Figure 5-6. Variations in the total reduction capacity after 55 °C storage with or without added 
FEC. 
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As shown in Figure 5.6, the stability of the FEC-derived SEI layer was compared 
with that of the conventional SEI layer by examining the total reduction capacity (the 
sum of the reversible and irreversible discharge capacity) using a method adopted in a 
previous study [3]. The cells cycled (30 times) at room temperature were stored at 55°C 
in their deintercalated states, and then cycled again (10 times) at room temperature. The 
cell with added FEC exhibited a small increase in total reduction charge (17.5 mAh/g) at 
the 31st cycle, while the cell without additive showed a relatively large increase in total 
reduction charge (43.9 mAh/g). The additional reduction capacity observed at the 31st 
cycle was mainly due to the additional reduction of electrolyte, as suggested by the 
previous study [3]. This result suggests that damage or disruption of the SEI layer formed 
without additive was severe at elevated temperature, compared with that formed in the 
presence of added FEC. That is, the FEC-derived SEI layer had better stability against 
elevated temperature. Note that the total reduction capacity of the cell without additive 
was slightly lost during continued cycling after storage at high temperature. This 
indicates that the reconstructed SEI layer did not function as well as the original SEI 
layer, affecting the reversibility capacity by disturbing the intercalation and 
deintercalation of lithium ions.  
To further confirm the stability of the FEC-derived SEI layer, we investigated the 
integrated current, which is indicative of the amount of Li consumed during SEI 
formation or reformation. Figure 5.7 displays the consumption of Li ions during the SEI 
formation process (inset figure) as well as during the SEI reformation process, after 
storage at high temperature.  
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Figure 5-7. Variations in the integrated current before and after 55 °C storage with (blue) or 
without (black) added FEC; the inset figure shows variation of the integrated current during the 
first 15 cycles. 
 
As shown in the inset of Figure 5.7, a considerable integrated current occurred 
during the first cycle, although it decreased significantly after the first cycle. This 
suggests that the SEI layer was predominantly formed and a major fraction of the Li ions 
was consumed during the first cycle. This result confirmed that the integrated current 
could be used as an indicator for estimating this behavior during SEI formation. The cell 
with added FEC showed a larger integrated current during the first cycle, compared with 
the cell with no additive. When we considered the fact that the FEC-derived SEI layer 
was thinner than the normal layer, it might imply that the addition of FEC led to form a 
denser SEI layer, which might require greater Li-ion consumption.  
The thermal stability of the FEC-derived SEI layer is demonstrated in the main 
figure. After storage at high temperature, the FEC-containing cell displayed a slight 
increase in the integrated current at the 16th cycle, compared with the cell without 
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additive. This result suggests that elevated temperature caused little disruption of the 
FEC-derived SEI layer, which resulted in a small amount of Li-ion consumption during 
SEI reformation or SEI recovery. In contrast, the cell without additive consumed a large 
amount of Li-ions in order to reconstruct the SEI layer that was significantly damaged by 
elevated temperature. 
Effects of FEC on the LMO/electrolyte interface 
Figure 5.8 shows a comparison of the cycle performance of the LMO electrode in 
FEC-containing and FEC-free electrolytes at room temperature and 55°C. At room 
temperature, there was no distinct difference in capacity retention between the FEC-
containing cell and the FEC-free cell, which is quite consistent with a previous report 
[12]. However, when the cells were cycled at elevated temperature, the FEC-containing 
cell exhibited worse cycle performance than FEC-free cell. 
 
Figure 5-8. Cycling retentions of Li/LMO cells at room and high temperatures with or without 
added FEC. 
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We believe that the poor cycle performance at elevated temperature in the FEC-
containing cell originated from the LMO/electrolyte side, rather than the Li/electrode side, 
since it is known that FEC has a positive effect on the Li metal electrode, preventing 
deposition and dissolution of a lithium metal [52].  
The authors of a previous report concluded that there was little effect of FEC on 
the cathode surface or on the interfacial properties of LiMn2O4, assuming that the added 
FEC was quite stable on the positive electrode [12]. It seems that they reached a hasty 
conclusion without considering the LMO electrode and its surface at elevated 
temperature. Here, our results clearly displayed the adverse effect of added FEC on the 
LMO electrode at elevated temperature. This indicates that the enhanced performance of 
the FEC-containing LMO/graphite full cell at elevated temperature originates from the 
superior improvement of the graphite/electrolyte interface due to the addition of FEC, 
despite of its negative effects, to some extent, on the LMO electrode. Thus, it can be 
inferred that the FEC remaining after formation of the FEC-derived SEI layer on the 
anode continuously reacted on the cathode surface, influencing the cathode side, 
especially at elevated temperature. This suggests that complete consumption of the FEC 
additive during SEI formation by either controlling the formation procedure or adjusting 
the FEC content might be necessary to prevent further reactions at the cathode side. A 
previous study regarding the effects of VC lends support to our suggestion. They revealed 
that VC remaining after formation of the SEI layer on the graphite anode would react 
continuously on the surface of the cathode, resulting in abrupt evolution of gases, such as 
CO2 [20]. They also suggested that the dissolution of metal elements on the cathode 
surface could occur as a result of this reaction. We believe that similar phenomena can 
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occur when FEC is added to the cell. It is important to note that there is a still a chance to 
further improve the performance of the FEC-containing Li-ion cell containing at elevated 
temperature by identifying and solving the problems induced at the positive electrode by 
added FEC. Thus, the rest of this work focused on identifying the reasons behind the 
poorer cyclability of the LMO electrode in FEC-containing electrolyte, especially at 
elevated temperature. 
Figure 5.9 shows the impedance spectra of LMO/Li half cells after the 50th cycle 
in FEC-free and FEC-containing electrolytes at room temperature and 55 °C. Consistent 
with the cycle performance observed above, the impedance of cells containing FEC was 
very similar to that of FEC-free cells after cycling at room temperature, while there was a 
clear difference in the cell impedance at high temperature. 
 
Figure 5-9. Impedance spectra of Li/LMO cells at room and high temperatures with or without 
added FEC. 
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The difference was primarily observed in the semicircle at the high-to-medium 
frequency, which represents an interfacial resistance associated with lithium-ion diffusion 
in the cathode surface layer and the charge transfer process at the cathode/electrolyte 
interface. Thus, the FEC-containing cell exhibited a rapid increase in interfacial 
resistance during cycling at elevated temperature, while a similar interfacial resistance 
was observed after cycling at room temperature, when compared with the FEC-free cell.   
The increase in interfacial resistance (surface film and charge transfer resistances) 
at elevated temperature might be attributed to poorly conductive organic and inorganic 
species resulting from the decomposition of the electrolyte and the inter-particle contact 
loss induced by manganese dissolution. Since the dissolution of manganese leads to the 
loss of inter-particle contact as well as the subsequent re-deposition of Mn ions, as MnO, 
MnO2, and MnF2, on the surface, the charge transfer resistance is closely coupled with the 
surface film resistance. The observation of increased interfacial resistance gave us a clue 
concerning the origin of the poor cycle performance shown by the FEC-containing cell at 
elevated temperature. It was speculated that added FEC altered the kinetics of surface 
reactions at elevated temperature. These altered kinetics might accelerate the formation of 
a surface layer on LMO particles as well as Mn dissolution, lowering Li-ion transport at 
the LMO/electrolyte interface as well as the electronic conductivity of the LMO electrode.  
To confirm the above assumption and investigate the surface reactions that occur 
in the presences of added FEC, we analyzed the thickness and chemical composition of 
the cathode surface layers that form with/without FEC. The thickness of the surface layer 
that formed on the cycled LMO electrode in FEC-containing and FEC-free electrolytes 
was compared based on the depth profile of the surface of the LMO electrode (Fig. 5.10). 
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The relative amounts of the elements (C, F, O, and Mn) changed as a function of 
sputtering time, since the surface compounds (e.g. surface layer) that covered the LMO 
electrode were being sputtered away. In particular, the Mn concentration increased as 
more of the LMO electrode was exposed. After sputtering for at a certain time, the Mn 
concentration became uniform, indicating that the surface layer was fully removed. The 
dotted line (black) represents a sputter time at which the Mn concentration became 
uniform. Based on the sputtering time needed for the Mn content to become uniform, the 
thickness of the cathode surface layer was compared. As shown in Fig. 5.10a and 5.10b, 
the addition of FEC did not result in a significant change in the thickness of the surface 
layer that formed after cycling at room temperature. That is, the thickness of the FEC-
derived surface layer was very similar to that of the surface layer derived from the normal 
electrolyte. 
In contrast, there was a considerable difference in the thickness of the surface 
layer when the FEC-containing cell was cycled at elevated temperature. After cycling at 
55 °C, the LMO electrode in the FEC-containing cell was covered with a thicker surface 
layer (Fig. 5.10d), compared with the FEC-free cell (Fig. 5.10c). As mentioned earlier, it 
seems that FEC-driven surface reactions were more pronounced at elevated temperature, 
which accelerated the formation of a surface layer on the LMO particles. Thus, the 
thicker surface layer formed in the FEC-containing cell can hinder fast Li-ion transfer at 
the interface, contributing to the capacity fade of the cell. 
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Figure 5-10. Depth profiles of LMO electrodes after cycling without added FEC at (a) room 
temperature and (c) 55 °C; and with added FEC at (b) room temperature and (d) 55 °C. The 
dotted line (black) represents a sputtering time at which the surface layer is removed and the bulk 
LMO is fully exposed. 
 
Note that there was no significant difference between the thickness of the surface 
layer formed after cycling at room temperature (Fig. 5.10a) and at elevated temperature 
(Fig. 5.10b) in the FEC-free cell. This means that the observed decrease in capacity of the 
FEC-free cell at elevated temperature was mostly caused by increased Mn dissolution at 
high temperature, rather than by the increased thickness of the cathode surface layer. In 
the case of the FEC-containing cell, however, the decrease in capacity of the cell at 
elevated temperature originated not only from increased Mn dissolution but also from the 
formation of a thicker surface layer on the LMO electrode. 
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To reveal the mechanisms of surface reactions driven by the addition of FEC, 
high-resolution XPS spectra were collected from LMO electrodes cycled in FEC-free and 
FEC-containing electrolytes and compared.  
 
Figure 5-11. Comparison of XPS spectra of the surface of cycled LMO electrodes with (red) and 
without (black) added FEC at (a) room temperature and (b) 55 °C 
 
As expected, very similar surface layer compositions was observed in FEC-
containing and FEC-free cells after cycling at room temperature (Fig. 5.11a). However, a 
significant difference in the composition of the surface layer was observed after cycling 
at high temperature, as shown in Fig. 5.11b. The FEC-containing cell cycled at high 
temperature displayed lower intensities of the peaks associated with carbon black (CB, 
284.3 eV in C 1s) and lithium manganese oxide (LMO, 529.8 eV in O 1s). This result 
indicates that the LMO electrode cycled in FEC-containing electrolyte at 55 °C was 
covered by a relatively thick surface layer compared with the FEC-free cell cycled at 
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55 °C. This result is consistent with the result of depth profiling described above. 
Therefore, it was observed that the intensities of other peaks related to the surface layer 
increased considerably in the FEC-containing cell at elevated temperature. It is important 
to note that the use of FEC yields positive effects on the anode side due to the formation 
of a thin and dense SEI layer, while it has a negative effect on the cathode side due to the 
formation of a thick surface layer. 
Detailed analysis of the C 1s and O 1s spectra suggested that the main difference 
between the cells cycled at 55 °C in FEC-containing and FEC-free electrolytes was an 
abundance of polymeric species and polycarbonates at the LMO surface. The peak at 
285.4 eV in the C 1s spectrum was assigned to polymeric species which might originate 
from a pure hydrocarbon compound and/or polyethylene oxide (PEO, (-CH2-CH2-O-)n) 
[53, 54]. The peaks at 286.7 eV and 287.5-289.5 eV were associated with ether and 
carbonate functional groups, respectively [53, 54]. It is commonly known that these 
peaks correspond to lithium alkyl carbonates (ROCO2Li) and/or polycarbonates [10, 53, 
54]. Andersson et al. suggested that the carbonate species were probably polycarbonates 
based on the observation that the transformation of metastable ROCO2Li into Li2CO3 was 
not seen at elevated temperature in the case of a positive electrode, which was different 
from the result observed in the case of a negative electrode [53]. Eriksson et al. proposed 
that the polymerized carbonate formed at elevated temperature resulted from the 
polymerization of ethylene carbonate (EC), which was initiated by either EC oxidation or 
the strong Lewis acid PF5 [54]. We also believe that the increased intensities of the peaks 
at 286.7 eV and 287.5-289.5 eV were mostly associated with the formation of 
polycarbonates, since the intensity of the peak (289.9 eV) assigned to Li2CO3 did not 
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increase significantly with increasing temperature in our study. Nevertheless, there was 
still a possibility that the surface layer formed after cycling at room temperature could 
contain ROCO2Li species, as suggested in previous studies.  
The abundant presence of PEO-type polymers and polycarbonates in the surface 
layer derived from the FEC additive at elevated temperature was supported by the 
dominant intensities of the peaks at 532.5 eV and 533.5~534.4 eV in the O 1s spectra. 
The peak at 532.5 eV could be assigned to polyethers (-CH2O-), which may have 
originated from oligomers of PEO, while the peak at 533.5~534.4 eV could correspond to 
polycarbonates that resulted from EC polymerization and/or polymerization of the FEC 
additive. Still, the contribution of ROCO2Li (533.5 eV (C-O-C), 532.5 eV (C=O)) to 
these peaks, to some extent, cannot be neglected. Thus, it can be inferred that the surface 
layer formed in the FEC-containing electrolyte contained a significant amount of 
polycarbonates and polymeric species compared with that formed in the FEC-free 
electrolyte, especially after cycling at elevated temperature.  
The PEO polymer-rich surface layer that formed in the FEC-containing cell can 
be attributed to additional reactions of LiPF6 with FEC, similar to the reaction of LiPF6 
with EC. It has been known that EC polymerization is caused by an acid-catalyzed ring-
opening reaction. PF5, which is a strong Lewis acid, reacts with EC at elevated 
temperatures, producing PEO polymers and CO2 [55].  
The presence of abundant polycarbonates in the FEC-derived surface layer was 
likely due to the decomposition and/or side reactions of the FEC additive, initiated or 
accelerated by elevated temperature. Due to the strong electrostatic field close to the 
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cathode surface, FEC, which is highly polar, is likely to be the preferred target for 
electrophilic and nucleophilic attack at the cathode. 
Although the reduction/oxidation or decomposition mechanisms of FEC are not 
clearly understood, one plausible mechanism is that FEC can be transformed to vinylene 
carbonate (VC), by the loss of an HF molecule (FEC → VC + HF) [13]. Polymerization 
of the resulting VC could occur, forming polycarbonate species such as poly(VC). This 
reaction pathway was previously invoked to explain a high content of polycarbonates in 
the FEC-derived SEI layer at the anode [31, 32]. Similarly, we speculated that vinylene 
carbonates resulting from FEC decomposition underwent cationic polymerization 
initiated by protonic and Lewis acids during cycling, producing polycarbonate species on 
the LMO electrode. Aurbach et al. suggested that oligomers of VC could be produced by 
cationic polymerization on delithiated oxides (at potentials > 4.2 V vs. Li/Li+) [14]. They 
reported that an LMO electrode cycled in VC-containing electrolyte exhibited a surface 
film that mostly contained polycarbonates, possibly poly(VC). Thus, the 
dehydrofluorination of FEC seems to be the origin of the poly(VC) that forms on the 
LMO electrode cycled in FEC-containing electrolyte. It was speculated that the 
dehydrofluorination of FEC was considerably accelerated by elevated temperature; thus, 
the majority of the polycarbonates were detected in the surface layer on the LMO 
electrode cycled in FEC-containing electrolyte at high temperature.  
Additional evidence for the dehydrofluorination of FEC can be found in the F 1s 
spectra shown in Fig 5.11b. Assuming that the amounts of LiF generated by the 
decomposition of LiPF6 (LiPF6 → LiF + PF5) in the FEC-containing cell and the FEC-
free cell were similar, the increase in the quantity of LiF seen in the FEC-containing cell 
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was possibly due to the reaction of Li+ with HF or F- from the decomposition of FEC at 
elevated temperature. More interestingly, a peak near 687 eV was observed to have 
higher intensity in the FEC-containing cell. It was difficult to precisely interpret the peak, 
due to the contribution of several compounds (PVdF, LixPFy, and LixPFyOz). Based on 
the assumption that the decomposition of LiPF6 was not significantly affected by the 
addition of FEC, the amount of decomposed products, LixPFy and LixPFyOz, were 
believed to be very similar in both cells. This assumption seemed reasonable because 
FEC, which has a high dielectric constant, increases the ionization of LiPF6 (LiPF6 ↔ Li+ 
+ PF6-), thereby suppressing dissociation or decomposition of non-ionized LiPF6 (LiPF6 
→ LiF + PF5) [56]. Therefore, the peak was expected to be of lower intensity in the FEC-
containing cell than the FEC-free cell, since the thicker surface layer derived from FEC 
obscured more of the LMO electrode, including the PVdF binder, as observed in the 
peaks (CB and LMO) of the C 1s and O 1s spectra. Based on this expectation, it was 
speculated that additional F-containing compounds were responsible for the increased 
intensity of the 687 eV peak observed in spectra of the FEC-containing cell cycled at 
high temperature. According to recent studies, the additional compounds might be related 
to dimers containing C-F bonds and/or C-F containing organic products that resulted 
from FEC decomposition [33, 57]. 
As mentioned earlier, the decrease in capacity of the FEC-containing cell at 
elevated temperature could not be solely explained by the formation of a thicker surface 
layer on the LMO electrode. Mn dissolution from the LMO electrode was another source 
of degradation within the cell. According to the mechanism suggested above (FEC → VC 
+ HF), we expected that the FEC-containing electrolyte would produce more HF as a 
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result of FEC decomposition, or side reactions accelerated by elevated temperature, 
promoting Mn dissolution. The acid dissolution catalyzed by HF is known to be one of 
the mechanisms for manganese dissolution at elevated temperature [42]. Thus, any 
increase in the concentration of HF was likely to lead to considerable dissolution of 
manganese into the electrolyte.  
 
Figure 5-12. Variation of the amount of HF produced during thermal aging with/without added 
FEC; (a) 15 days storage at 55 °C and 60 °C, (b) 30 days storage at 60 °C. 
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To further prove the mechanism at elevated temperature, the amount of HF 
generated as a function of storage time was investigated at elevated temperatures. Figure 
5.12a shows the temperature and time dependence of the quantity of HF in the electrolyte 
with/without added FEC. Regardless of the use of FEC, the amount of HF in the 
electrolyte increased with increasing temperature, indicating more LiPF6 decomposition 
catalyzed by increasing temperature. 
The decomposition of LiPF6 typically starts with the following reaction: 
 
    LiPF6 → LiF + PF5  (1) 
 
which is followed by a reaction between phosphorous pentafluoride and water to form 
HF and POF3, as follows: 
 
   PF5 + H2O → POF3 + 2HF  (2)  
  
Reaction (1) is negligible at room temperature, so LiPF6 is in equilibrium with 
LiF and PF5. However, the equilibrium of the reaction is shifted to the right due to the 
interaction between PF5 and the solvent at elevated temperatures, lowering the stability of 
LiPF6 [55, 56, 58]. The reaction rate is dependent on the solvent and the temperature [55, 
56]. Thus, the increased amount of the strong Lewis acid PF5 reacts with water, 
increasing the HF content. Furthermore, the formation of additional HF can be 
accelerated by the following reactions [56, 58]: 
 
   POF3+H2O → POF2(OH) + HF  (3) 
   H+ + PF6- → HF + PF5   (4) 
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 In addition to the dependence of HF formation on temperature, the time-
dependent formation of HF upon thermal aging of the electrolyte was clearly observed. It 
has been reported that only a small amount of water is needed to start the decomposition 
reaction and this reaction is accelerated during thermal aging due to various autocatalytic 
reactions [58-60]. For instance, the released CO2 from the carbonates during the aging 
process can be an additional reaction source [59].  
More interestingly, the FEC-containing electrolyte produced more HF than the 
normal electrolyte as storage time increased at elevated temperatures. At room 
temperature, the amount of HF did not increase until 30 days of storage. Therefore, there 
was no significant difference in HF content between the FEC-containing electrolyte and 
the normal electrolyte. The difference in the amount of HF produced in the electrolytes 
during thermal aging became more significant as the temperature and storage time 
increased. As shown in Fig. 5.12b, the difference was quite small and unclear until the 
storage reached 10 days, but it was clearly seen after 10 days. As speculated earlier, it 
seems that FEC decomposition (such as dehydrofluorination), or side reactions involving 
FEC, were accelerated by elevated temperature, producing more HF in the FEC-
containing electrolyte. Thus, the results suggest that an increased amount of HF leads to 
dissolution of manganese in the LMO cathode. They also imply that the FEC-derived SEI 
layer effectively protects the electrode from HF attack. Thus, the layer was not 
significantly affected by elevated temperature, compared with the SEI layer formed in the 
FEC-free electrolyte.  
 Figure 5.13 shows the changes in the amount of manganese dissolved from the 
LMO cathode that was soaked in different electrolytes at elevated temperature as a 
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function of storage time. As expected, we found that the increase in Mn dissolution was 
accelerated with the use of FEC at elevated temperature. The difference in the amount of 
dissolved Mn was distinct at the end of 30 days storage. A higher amount of dissolved 
Mn ions in the FEC-containing electrolyte was associated with the increased HF as a 
result of FEC dehydrofluorination, which induced attack at the LMO cathode by the 
increased HF.  
We expected that the effect of increased HF would be more significant during 
cycling at elevated temperature, since the disproportionation reaction of Mn3+ is 
promoted by the increased concentration of HF and the thermodynamic instability of 
delithiated lithium manganese spinel makes it vulnerable to attack by HF; thereby 
producing more Mn dissolution in the electrolyte [4, 61].  
 
Figure 5-13. Variation of the amount of dissolved manganese ions with (red) or without (black) 
added FEC as a function of storage time. 
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A previous study claimed that the VC-derived SEI layer on the graphite electrode 
was thermally more stable and could more effectively protect the electrode from the 
deposition of Mn ions, compared with the FEC-derived SEI layer at elevated temperature 
[11]. This was based on the assumption that similar amounts of manganese ions were 
dissolved from the cathode side in the FEC-containing and VC-containing cells. Based on 
our results, however, it is highly possible that more manganese ions were dissolved from 
the LMO cathode in the FEC-containing electrolyte than were dissolved in the VC-
containing electrolyte. Thereby, the FEC-derived SEI layer was believed to have a 
difficulty in protecting the graphite/electrolyte interface from Mn deposition due to the 
considerable amount of dissolved manganese ions released from the cathode side. 
Based on our findings, the poor cyclability of the LMO electrode in the FEC-
containing electrolyte at elevated temperature was attributed to the increased Mn 
dissolution and a thicker surface layer as a consequence of acceleration of FEC 
defhydroluorination in the electrolyte at elevated temperatures. 
 
CONCLUSIONS 
The effects of the electrolyte additive FEC on electrochemical performance and 
the electrode/electrolyte interface were thoroughly investigated using graphite/Li cells 
and LMO/Li cells. The addition of FEC to the normal electrolyte (1M LiPF6 in EC:DMC 
(1:1 v/v) solution) remarkably improved the performance of graphite/Li cells at room 
temperature and at elevated temperature. This performance improvement was attributed 
to the stability and effectiveness of the SEI layer resulting from the FEC additive. The 
FEC-derived SEI layer imparted desirable properties to graphite/Li cells at room 
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temperature, including higher reversibility and excellent rate capability. The lower 
interfacial resistance observed after the formation cycles of the FEC-containing cell, 
compared with that of the FEC-free cell, demonstrated that the FEC-derived SEI layer 
was effective in facilitating Li-ion transfer at the graphite/electrolyte interface. The 
superior thermal stability of the FEC-derived SEI layer was also confirmed, showing 
excellent performance during cycling and storage at elevated temperature. 
On the other hand, the adverse effect of FEC on the performance of LMO/Li cells 
was observed at elevated temperature, while there was no clear difference in the 
performance of LMO/Li cells at room temperature. For the FEC-containing cell, 
formation of a thick surface layer on the LMO cathode and increased Mn dissolution 
catalyzed by elevated HF levels were responsible for the poor performance observed, 
resulting in a dramatic increase in the interfacial resistance as well as accelerated capacity 
fading at elevated temperature. It was proposed that the origin of the thick surface layer 
and the increased Mn dissolution was an FEC dehydrofluorination reaction and/or its side 
reactions at the LMO surface, initiated or accelerated by elevated temperature. This 
suggestion was supported by the observation of abundant polycarbonates, possibly 
poly(VC), on the LMO surface and an increased HF content in the FEC-containing cell at 
elevated temperature.        
Based on our findings, it is suggested that the FEC remaining after formation of 
the SEI layer on the anode side is detrimental to the cathode side, especially at elevated 
temperature. It is, therefore, important to optimize the amount of FEC added to the 
electrolyte in order to minimize the adverse effect of residual FEC on the cathode side. 
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This strategy can be an effective way to further improve the performance of 
LMO/graphite cells at elevated temperature. 
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CHAPTER VI.  
INFLUENCE OF DISSOLVED MANGANESE IONS ON STRUCTURAL 
DEGRADATION OF GRAPHITE IN Li-ION BATTERIES* 
 
INTRODUCTION 
Understanding the degradation mechanisms of a Li-ion battery is of considerable 
importance to achieve longer battery lifetime. As the applications of Li-ion batteries 
gradually extend to large-scale systems, such as electric vehicles and energy storage 
systems, a much longer cycle and calendar lifetime is necessary for such systems [1]. In a 
Li-ion battery, the degradation process involves several physical, mechanical, and 
chemical processes that are interdependent [2]. This complexity of the degradation 
mechanisms makes it difficult to remedy the performance degradation of the battery over 
time.  
Although many efforts are currently being paid to the development of novel 
anodes, including silicon- and tin-based anodes, graphite is being still used extensively as 
an anode in commercial Li-ion batteries, and it is expected to continue being the primary 
option for anode materials in the near future [1]. However, structural degradation of a 
graphitic anode is commonly observed from cycled or stored Li-ion batteries, which 
aggravates the batteries’ performance [3-10]. Several factors are responsible for the 
performance degradation of the graphitic anode. Upon intercalation/deintercalation of Li-
                                                 
* This chapter includes content from an unpublished paper in progress: H. Shin, J. Park, and W. Lu, Journal 
of Power Sources. 
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ions during cycling, stress is generated by the repeated expansion and contraction of the 
crystal structure in graphite (~10% of volumetric change), which can cause structural 
damage to the graphitic anode [5-9, 11]. The structural damage can be also caused by co-
intercalation of solvents together with Li-ions. It was suggested that co-intercalated 
solvents induce exfoliation and structural degradation of the graphite’s particles [3, 12-
14]. In addition, a buildup of internal stress in the graphite due to gas evolution during 
decomposition of the electrolyte can result in structural degradation [7, 10]. 
The structural degradation or damage in the graphite is more severe near the 
surface than in the bulk of the graphite [3, 5-7]. This is because the current density and 
the concentration of Li-ions are predominantly localized on the surface of the graphite, 
especially at the edge planes [3, 6]. Hence, the graphite is susceptible to structural 
damage at the surface. This damage is commonly described as ‘surface structural 
disordering’, which represents the significant extent of the edge planes or lattice defects 
[3-7]. In other words, surface structural disordering can account for deformation of the 
interlayers and breaking of the C-C bonds in graphite [7]. This disordering in graphite 
becomes more pronounced upon prolonged cycling (i.e., numerous 
intercalations/deintercalations of Li-ions), especially at high charge/discharge rates, 
elevated temperatures, and high-voltage regions (i.e., early stages of Li-ion intercalation) 
[3, 5, 6]. 
 The surface structural disordering of the graphitic anode can alter the kinetics of 
Li-ion transfer at the electrode’s surface [3, 9]. More importantly, the structural damage 
of the graphite can modify or create cracks in the solid electrolyte interphase (SEI), 
which promotes further decomposition of the electrolyte and the growth of the SEI layer, 
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gradually reducing the capacity of a battery over prolonged cycling. Consequently, the 
surface structural disordering of the graphitic anode significantly affects the long-term 
performance of Li-ion batteries. Thus, identifying the cause of surface structural 
disordering in graphite is important to improve the long-term performance of Li-ion 
batteries. 
One of the causes of the structural disordering in graphite is the dissolved 
transition metal ions that come from the cathode. Y. Lai et al. showed that the deposition 
of the dissolved iron (Fe) ions on the graphitic anode aggravated surface structural 
disordering in graphite, resulting in a thicker SEI layer [15]. They suggested that the 
deposition of Fe ions might cause structural breakdown of graphite, leading to the 
exposure of new edge planes. Our recent study suggested that the dissolved manganese 
(Mn) ions might intercalate into graphite or present in graphite, which in turn might cause 
the surface structural disordering of the graphite [16]. A recent study reported that the 
dissolved Mn-ions from the cathode deposit at the graphite/electrolyte interface, and 
some manganese compounds present within cracks of the graphite [17]. However, there is 
still a lack of understanding about how the dissolved Mn-ions are related to the structural 
degradation of the graphitic anode. 
This work aims to investigate the correlation between the dissolved Mn-ions and 
the structural degradation of the graphitic anode using a combination of experimental 
measurements and theoretical analysis. First, we investigate the effects of the dissolved 
Mn ions on both change in the interlayer spacing and the surface structural disordering of 
graphite using X-ray diffraction (XRD) and Raman spectroscopy, respectively. Then, the 
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reason for the structural degradation in graphite due to the dissolved Mn-ions is analyzed 
from the results predicted by density function theory (DFT) calculations. 
 
METHODS 
Experimental: Cell fabrication and characterization (XRD & Raman)  
The slurry of the graphite electrode was prepared by mixing synthetic graphite 
powder (90 wt%)(Timrex SLP30, Timcal) with a polyvinylidene fluoride (PVdF) binder 
(10 wt%)(Kureha 7208, Kureha America) dissolved in N-methyl-2-pyrrolidone (NMP) 
using a SpeedMixer (FlackTek Inc.). The resulting slurry was cast onto a 9 μm-thick 
copper foil at a constant speed using a 9-mil film applicator with a doctor-blade film 
coater (MTI Corp.). The composite electrode was then dried overnight in a vacuum oven 
at 110 °C. The dried electrodes were punched out as disks with an area of 0.785 cm2 and 
vacuum-dried again before being used for coin-cell assembly. To assemble 2032-type 
coin cells, the working electrode was assembled in a half-cell configuration with a Li foil 
counter/reference electrode (0.75 mm thick, 99.9%, Alfa Aesar) and a separator (Celgard 
2320) soaked in electrolyte solution The base electrolyte was 1.0 M lithium 
hexafluorophosphate (LiPF6) (Battery grade, <50 ppm HF, <15ppm H2O, Sigma Aldrich) 
dissolved in a 1:1 (by volume) mixture of ethylene carbonate (EC) and dimethyl 
carbonate (DMC).  The Mn-containing electrolyte was prepared by dissolving a known 
amount of synthesized manganese hexafluorophosphate [Mn(PF6)2] into the base 
electrolyte. The Mn(PF6)2 salt was synthesized by the same method introduced in our 
previous study [16]. The concentration of dissolved Mn-ions in the electrolyte was 
analyzed using inductively coupled plasma optical emission spectrometry (ICP-OES). 
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For XRD measurements, the Mn-containing (1000 ppm) and Mn-free cells were 
charged (i.e., lithiation) at a constant current (C/50 rate) to three voltages – 0.18 V, 0.1 V, 
and 0.005 V (vs. Li/Li+) – and held at each voltages until the current dropped to 
approximately 1µA. The cells were disassembled in a glovebox and the graphite 
electrode was washed with DMC to remove residual salts. After 15 min of drying, the 
electrode was sealed with a Kapton tape in the glovebox to avoid exposure to the 
atmosphere. In order to compare the average interlayer spacing of graphite cycled in Mn-
free electrolyte with that of graphite cycled in Mn-containing electrolyte, ex-situ X-ray 
diffraction was employed using the electrode that had been wrapped in Kapton tape. All 
X-ray diffraction data were obtained by using an X-ray diffractometer (Rigaku rotating 
anode) with Cu Kα radiation. 
For Raman spectroscopy measurements, the Mn-containing (250 ppm and 1000 
ppm) and Mn-free cells were cycled three times at a constant current (C/50 rate) between 
5 mV and 1.5 V (vs. Li/Li+) using a battery cycler (Biologic). The cycled graphite 
electrode was disassembled at the delithiated state (1.5 V vs. Li/Li+) in a glovebox and 
washed with DMC to remove residual salts. The electrode was dried in the glovebox for 8 
hr and placed in an air-tight spectroscopic cell (Fig. 6.1) to avoid exposure to the 
atmosphere. Raman spectra were recorded with a Raman microscope (Renishaw inVia) 
with a HeNe laser (λ=633nm, 1mW) as the excitation source. 690 Raman spectra were 
collected over an area of approximately 180 µm × 140 µm and the intensity ratio of the 
D-band to G-band (ID/IG) was calculated from each Raman spectrum in order to acquire 
the surface Raman maps of the ID/IG ratio.  
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Figure 6-1. Pictures of the designed air-tight spectroscopic cell: (a) top view and (b) side view. 
 
Computational: DFT calculations 
To investigate the effects of intercalated manganese ions on the interlayer 
expansion or contraction of the graphite, DFT calculations with various vdW correction 
methods were conducted using the Vienna ab initio simulation package (VASP). Since it 
was known that the generalized gradient approximations (GGA) failed to reproduce the 
reasonable interlayer spacing of lithium graphite intercalation compound (Li-GIC), we 
first used different vdW correction methods with GGA and the local density 
approximation (LDA) to successfully reproduce changes in the interlayer spacing of Li-
GICs [18-21]. As shown in Figure 6.2, unit cells of graphite (C4) and different stages of 
Li-GIC, such as LiC18, LiC12, and LiC6, were used in this work. For the LiC18 structure, 
two different types of GICs were previously investigated, and researchers suggested that 
LiC18 with the αABA stacking was more favorably formed than LiC18 with the αAAA 
stacking [18]. Here we used LiC18 with αABA stacking in our calculations. The unit cells 
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were created using the crystallographic data of lithium intercalated graphite compounds 
[18]. 
 
Figure 6-2. Unit cells (upper) and supercells (bottom) of Li-GICs used in this work: (a) graphite, 
(b) LiC18 (αABAα), (c) LiC12, and (d) LiC6. 
 
After comparing the calculated lattice parameter of the Li-GIC with its 
corresponding experimental data, we chose a vdW correction method to predict the 
changes in the interlayer spacing of the Mn-intercalated graphite. Since there was no 
information about structures of Mn-GICs and where the Mn ions could be located in the 
interlayer of the Li-GIC, various hypothetical structures were considered in our 
calculations. Figure 6.3 shows the Mn-intercalated Li-GIC structures used in the 
calculations. In addition, change in the interlayer spacing of the Mn-GIC as a function of 
Mn ions was investigated based on the assumption that the structures of Mn-GICs are the 
same as those of Li-GICs.  
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Figure 6-3. Atomic structures of Mn-intercalated compounds considered in this work: (a) MnC6 
(αAαA), (b) MnC6 (αAβA), (c) Li0.75Mn0.25C6 (stage 2, Mn-intercalated into empty interlayers), (d) 
Li0.75Mn0.25C6 (stage 2, Mn-intercalated into the interlayers with Li-ions), and (e) Li0.75Mn0.25C6 
(stage 1). 
 
  In addition to calculating the average interlayer spacing of the Li-GIC, the 
intercalation energy was calculated for Li-GICs and various Mn-intercalated graphite 
structures. In order to examine the energetics of intercalation into graphite, i.e., the 
intercalation energy, which was defined as the energy required to insert a cation atom 
from the bulk to the graphite, was calculated using the following equation: 
int 1
n n n
metal
AC AC C AE E E Ei
= − −  
where i is the number of intercalated atoms in a cell for a metal. 
 For DFT calculations, the structures were optimized by simultaneously 
minimizing all degrees of freedom via a conjugated gradient method. The electronic 
degrees of freedom were converged to 10-6 eV/cell with a plane wave cutoff energy of 
1000 eV for all structures. The integration in reciprocal space was performed with 
Monkhorst-Pack grids 11×11×4, 11×11×4, 8×8×4, and 6×6×7 for graphite, LiC18, LiC12, 
and LiC6, respectively. 
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RESULTS AND DISCUSSION 
Experimental: X-ray diffraction and Raman spectroscopy 
First, we investigated how the dissolved Mn-ions affect the structural change of 
the graphite. Figure 6.4 shows the change in the graphite (002) peak, which was taken at 
OCV, 0.18 V, 0.1 V, 0.07 V, and 0.005 V (vs. Li/Li+). The (002) peak corresponds to the 
average interlayer spacing between the graphene layers in graphite. The (002) peak 
shifted to a lower angle as the cell voltage decreased, which indicates that the average 
interlayer spacing expands upon the intercalation of Li-ions. The stage-4 phase of Li-GIC 
was formed at 0.18 V. Stage-4 phase (near 25.84°) changed to stage-2 phase (near 25.32°) 
at 0.1 V. At 0.07 V, the coexistence of stage-1 and stage-2 (i.e., two-phase) was clearly 
observed, and LiC6 (i.e., stage-1 phase) was finally formed at the end of charge (0.005 V). 
The phase change was quite consistent with the result of a previous study [22], which 
indicates that the result of our ex-situ experiments shows the stage phenomenon that 
occurs in graphite. 
 
Figure 6-4. Change in the (002) peak of X-ray diffraction as a function of potential. 
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As shown in Figure 6.5, the change of the average interlayer spacing of graphite 
as a function of x in LixC6 measured in our study was also consistent with previous 
studies [22, 23]. 
 
 
Figure 6-5. Change in the average interlayer spacing of the graphite anode cycled without Mn-
ions. 
 
In the case of the graphite electrode cycled with the Mn-containing electrolyte 
(1000 ppm), the (002) peak also shifted toward lower angles, showing similar staging 
phenomena. As shown in Figure 6.6, the average interlayer spacing observed in the Mn-
containing cell was not significantly different from that observed in the Mn-free cell. It 
seems that the amount of co-intercalated Mn-ions is very low or the intercalation of Mn- 
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ions does not occur, which makes it difficult to observe the effect of the intercalated Mn-
ions on the interlayer spacing in graphite.  
 
Figure 6-6. Change in the average interlayer spacing of the graphite anode cycled with Mn-ions 
(1000 ppm). 
 
However, a noticeable difference was observed at the early stage of Li-ion 
intercalation, i.e., at 0.18 V. At the potential, the graphite in the Mn-containing cell 
showed two peaks, which indicates the coexistence of two different phases. One peak 
(near 25.84°) was clearly stage-4 phase, while the other peak (near 26.35°) was close to 
dilute stage-1 phase. In the presence of dissolved Mn-ions, the graphite anode still 
underwent the transition stage (i.e., from the dilute stage-1 to stage-4), and the phase 
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change to stage-4 was not completed. This might be due to co-intercalated Mn-ions in 
graphite. Since the voltage was held for a long time (more than 5 days) in order to allow 
complete intercalation at the potential, we suspected that some of the interlayer spaces in 
the graphite did not expand well due to a small amount of co-intercalated Mn-ions, which 
might hinder the phase transition (from dilute stage-1 to stage-4).  
The results indicate that the effect of dissolved Mn-ions on change in the 
interlayer space in graphite is only pronounced at the early stage of Li-ion intercalation, 
i.e., when the amount of intercalated Li-ion is very small. Since the majority of the 
interlayer spaces in graphite is occupied by Li-ions at the middle and end stages of 
intercalation, the interlayer spaces in graphite are likely to be affected primarily by a 
large amount of Li-ions such that the impact of co-intercalated Mn-ions will be small and 
only observed locally. 
Based on our XRD results, it is suggested that a small amount of co-intercalated 
Mn-ions occur, which might affect local structural damage in graphite. Thus, the 
influence of the dissolved Mn ions on the surface structural disordering of graphite was 
further investigated using Raman spectroscopy.  
In the Raman spectra of the graphite anodes cycled, two apparent bands were 
present at ~1350 and ~1580 cm-1. The D-band observed at 1350 cm-1, which is assigned 
to the A1g vibrational mode, is associated with the breakage of symmetry occurring at 
edge planes and defects of the graphene sheets [3, 5]. The D-band is referred to as the 
‘disorder band’. The G-band observed at 1580 cm-1, which is assigned to the E2g vibration 
mode, can be attributed to the relative motion of sp2 carbon atoms in rings as well as 
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chains [5, 6]. To determine the extent of structural disorder in graphite, the peak intensity 
ratio ID/IG is extensively used [3-6].  
 
Figure 6-7. Raman maps of the ID/IG ratio and their corresponding microscope images: (a) No 
Mn-ions, (b) 250 ppm Mn-ions, and (c) 1000 ppm Mn-ions. 
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Figure 6.7 shows Raman maps of the ID/IG ratio from the area of 180 × 140 µm2 
of cycled graphite anodes with/without dissolved Mn-ions. The graphite anodes were 
only cycled three times at a very slow rate (C/50 rate) to exclude other factors that cause 
the surface structural disordering, such as the number of cycle and high charging rate.  
As shown in Figure 6.7a, the cycled anode without Mn-ions displayed highly 
graphitic carbons with low ID/IG ratios, which corresponds to green and blue dots on the 
map. Yellow, orange, and red dots represent relatively high intensity ratio of the G band 
to D band (ID/IG), which accounts for the significance of the structural disordering in 
graphite. Only a few disorders with high ID/IG ratios were locally observed in the cycled 
anode without Mn-ions. Similarly, the cycled anode with the electrolyte containing Mn-
ions dissolved at a concentration of 250 ppm (Fig. 6.7b) also showed a few disorders; 
however, the extent of the overall structural disordering increased compared to the anode 
cycled without Mn-ions, as shown in Table 6.1.  
Table 6-1. Average ID/IG ratio values from Raman maps. 
The quantity of Mn-ions 0 ppm 250 ppm 1000 ppm 
Avg. ID/IG ratio 0.333 ± 0.07 0.372 ± 0.07 0.374 ± 0.09 
 
The extent of the local structural disordering in graphite was noticeably higher in 
the case of the anode cycled with 1000 ppm Mn-ions (Fig. 6.7c). This indicates that 
severe local structural disordering occurred in graphite due to the dissolved Mn ions. 
Note that the surface disordering appeared “locally”. This indicates that the surface 
structural degradation of graphite induced by the dissolved Mn-ions proceeded in a 
highly non-uniform manner. This severe local structural disorder might be due to some 
co-intercalated Mn-ions, as suggested by the XRD results. 
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To explain the observed structural degradation in graphite due to the dissolved 
Mn ions, the next section investigates how the lattices of Li-GICs are affected by the 
intercalated Mn ions using DFT calculations. 
Computational: DFT calculations 
First, various dispersion-corrected DFT methods were evaluated by comparing the 
DFT calculations with existing experimental data. All functionals reproduced the 
experimental a-lattice parameter of the graphite and the Li-GIC compounds, implying 
that the in-plane C-C bonds were well described; however, the c-lattice parameter, which 
was perpendicular to the graphene layers, displayed much larger deviations from the 
experimental value, reflecting the challenge of reproducing van der Waals interactions by 
DFT calculations.  
 
Figure 6-8. Change in the average interlayer space between graphene layers as a function of Li 
content. 
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Figure 6.8 showed the changes in the average layer spacing of the graphite and 
Li-GIC compounds. Compared to GGA, all vdW functionals improved the treatment of 
interplanar interaction by introducing dispersion. The vdW-DF1, vdW-DF2, and optPBE 
underestimated the interlayer interaction, leading to a wider interlayer space. In contrast, 
the optB88, optB86b, LDA, and DFT-D2 overestimated the interlayer interaction. Overall, 
the optB86b functional yielded the best agreement with the experimental value [18]. 
In order to estimate the intercalation energy or the enthalpy of formation of Li-
GICs, the functionals were also applied to a lithium metal. As listed in Table 6.2, the 
GGA, vdW-DF, optPBE, and optB86b functional were in good agreement with the 
experimental value [24]. Thus, those functionals were good candidates for the calculation 
of the intercalation energy. 
Table 6-2. Calculated values of the lattice parameter and cohesive energy of a lithium metal. 
 LDA GGA DFT-D2 
vdW-
DF 
vdW-
DF2 optPBE optB88 optB86b Exp. 
Lattice 
parameter (Å) 3.363 3.436 3.270 3.451 3.294 3.438 3.411 3.452 3.509 
Cohesive E 
(Kcal/mol) -41.7 -37.0 -39.9 -35.1 -33.8 -37.1 -36.2 -37.5 -36.5 
 
In this work, optB86b was used to calculate the formation enthalpy of Li-GICs.  
Endothermic enthalpy of formation indicates that the compound is unstable with respect 
to the reference state of the pure elements, while the exothermic enthalpy of formation 
implies that the structure is stable. The absolute value of the formation energy can be 
used to evaluate relative stability. Figure 6.9 showed the calculated formation energy of 
Li-GICs with the experimental value [25]. The calculated values of LiC12 and LiC6 were 
well matched with the experimental value. Although all of the Li-GICs considered were 
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energetically favorable, the most stable compound was LiC12. Note that LiC6 was less 
stable than LiC12. This might indicate that the interlayer of the graphite started to limit the 
intercalating Li-ions. Thus, the compounds, such as LiC4 and LiC3 had difficulty holding 
the intercalated Li-ions, due to their unstable structures. That is why only one Li-ion can 
be positioned within the six carbon atoms. 
 
Figure 6-9. Calculated formation energy of the Li-GIC compounds. 
 
Since the optB86b functional aptly reproduced the experimental values of lattice 
parameters and the intercalation energy, it was used to predict the effects of intercalated 
Mn ions on change in lattices in graphite. As shown in Figure 6.3, five different types of 
structures were considered in this work. The first two structures (a, b) were reported by a 
previous study of the stage-1 binary graphite transition metal (TM) intercalated 
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compounds [26]. The other structures were modifications of stage-2 (LiC12) and stage-1 
(LiC6) of Li-GIC by replacing some of the Li-ions with Mn-ions. 
Table 6.3 shows the results of the energies and lattice parameters of the MnC6 
structures predicted by the optB86b functional. It was observed that the lattice parameters 
of Mn-GICs were strongly dependent upon the magnetic character of the structure. 
Among the structures considered here, the structure of MnC6 (αAβA) with the 
ferromagnetic tended to form more than the others. The c-lattice parameters of MnC6 
structures were smaller than those of LiC6, except for MnC6 (αAαA, antiferromagnetic). 
Since the MnC6 (αAαA) with antiferromagnetic showed a higher energy than the other 
structures, it is not preferable to other structures. Thus, MnC6 is believed to be a smaller 
c-lattice than LiC6. In contrast, the a-lattice parameter of MnC6 was smaller than that of 
LiC6. These trends were consistent with a previous study [26]. Thus, when some of the 
Mn-ions are intercalated into graphite, the interlayer space and a-lattice of graphite might 
be contracted and expanded, respectively. This might cause local stresses in lattices in 
graphite, resulting in an increase in structural disordering in graphite.  
Table 6-3. Energies and lattice parameters of MnC6 structures calculated by optB86b. 
 Energy (eV) c-lattice (Å) a-lattice (Å) 
MnC6 (αAαA) -104.5 a, -103.8 b 3.568 a, 3.723 b 4.352 a, 4.342 b 
MnC6 (αAβA) -104.8 a, -104.6 b 3.254 a, 3.215 b 4.366 a, 4.370 b 
LiC6 -100.2 3.610 4.325 
a: ferromagnetic structures, b: antiferromagnetic structures. 
 
 We further investigated the structures that consisted of Li and Mn ions 
(Li0.75Mn0.25C6 (c, d, e), as shown in Figure 6.3. These structures included the same 
amount of intercalated Mn-ions in Li-GICs. Similar to the result of MnC6, the average 
interlayer spaces of these structures were smaller than those of their corresponding Li-
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GICs (Table 6.4). In particular, the contraction of the interlayer spacing was larger when 
Mn ions were intercalated into the interlayer space that occupied by Li-ions (2.13%) than 
when they were intercalated into an empty interlayer space between graphene layers 
(0.32%). The interlayer space in Li-GIC decreased further when Mn ions were 
intercalated into all of the interlayer spaces (-3.41%). Thus, the extent of structural 
disordering in graphite can be dependent upon where the co-intercalated Mn-ions are 
positioned in the interlayer spaces in graphite.  
Table 6-4. Average interlayer spaces of the Li0.75Mn0.25C6 structures calculated by optB86b. 
 Average interlayer spacing (Å) 
Stage-2, Li0.75Mn0.25C6, (c) structure in Fig. 6.3 3.459 (-0.32%) 
Stage-2, Li0.75Mn0.25C6, (d) structure in Fig. 6.3 3.396 (-2.13%) 
Stage-2, LiC12 3.470 
Stage-1, Li0.75Mn0.25C6, (e) structure in Fig. 6.3 3.487 (-3.41%) 
Stage-1, LiC6 3.610 
 
In this work, the Mn-intercalated structures and Mn-GICs showed positive 
formation energies that were different from Li-GICs. This indicates that these structures 
are not energetically favorable, suggesting that the Mn-ions are difficult to intercalate 
into graphite. The positive formation energies might be due to the incorrect energy value 
of a manganese metal calculated by optB86b. The optimized lattice parameter of a 
manganese metal was 2.763 Å, which was significantly lower than the experimental 
value, 3.081 Å [27]. Also, the predicted magnetic moment of the manganese metal was 
zero, which was different from the values found in previous theoretical works [28, 29]. 
We believe that the GGA-U method might be more appropriate for accurately predicting 
the formation energies of such transition metal (TM) graphite intercalation compounds 
(TM-GICs).  
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Based on the calculated energies, Mn-ions may be difficult to intercalate into 
graphite by means of the normal intercalation process; however, we believe that Mn-ions 
can be co-intercalated into graphite together with Li-ions and solvents in the early stage 
of the intercalation process, as suggested by the XRD results. In the early stage of 
intercalation, it is known that solvent molecules, such as EC, PC, and PF6, can co-
intercalate into graphite along with Li-ions, which significantly expand the interlayer 
space between the graphene sheets [30, 31]. With this large expansion due to co-
intercalation of solvent molecules, the Mn-ions might be easily intercalated into graphite.  
In summary, our DFT calculations suggested that the co-intercalation of Mn-ions 
into graphite can cause the contraction of the interlayer space between graphene layers 
and expansion of in-plane C-C bonds in graphene sheets. This might induce local stresses 
in the lattice, resulting in surface structural disordering in graphite. Thus, we believe that 
the increase in the structural disordering due to the dissolved Mn-ions can be attributed to 
the change of lattices in graphite induced by the co-intercalated Mn-ions. In addition, the 
co-intercalated Mn ions might limit or hinder the intercalation of Li-ions into the graphite, 
thereby affecting the capacity fade of a Li-ion battery.  
 
CONCLUSIONS 
Our experimental and computational works showed that dissolved manganese 
ions from the cathode can result in the structural degradation of graphite. XRD results 
suggested that a small amount of Mn-ions can intercalate along with Li-ions into graphite 
in the early stage of the Li-ion intercalation process. From the results of Raman 
spectroscopy, it was found that the extent of surface structural disordering was severe in 
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Mn-containing cells, even at a very low cycle rate (C/50 rate) and very short cycle (3 
cycles). Raman maps of ID/IG ratio clearly indicated that the surface structural disordering 
of graphite occurred locally due to the dissolved Mn-ions. This might be due to the co-
intercalation of Mn-ions into graphite. DFT calculations showed that the intercalated Mn-
ions contract the interlayer space between graphene sheets and expand the in-plane C-C 
bonds in graphene sheets in the graphitic anode. 
Thus, if some of the dissolved Mn-ions are diffuse and present at the interlayer 
space of the graphite through cracks or defects in particles of the graphite anode and the 
SEI layer, the structural degradation of graphite can be accelerated during cycling. 
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CHAPTER VII.  
CONCLUSIONS AND FUTURE WORKS 
 
To achieve the integration of large-scale Li-ion batteries in transportation and grid 
storage applications, these batteries must meet higher specifications in terms of high 
energy density, long lifetime, excellent power capability, low cost, and safety. Along 
with the development of new materials (anodes, cathodes, and electrolytes) for high 
energy and power densities, many efforts are focusing on probing the battery’s 
degradation mechanisms in order to achieve long lifetime without degradation of 
performance. However, the phenomena that contribute to the degradation of these 
batteries are still problematic and challenging since the degradation process involves 
several physical, mechanical, and chemical processes that are interdependent.  
To shed light on one of the most important degradation mechanisms, i.e., interface 
degradation, this research focused on the investigation of the dynamic properties of the 
surface layer and the chemical processes that occur at the electrode/electrolyte interface 
in order to identify the mechanisms that lead to the degradation of the interface and the 
concomitant phenomena. Various types of cells and experimental methodologies were 
designed, and several electrochemical and analytical techniques (including EIS, SEM, 
XPS, AFM, XRD, ICP-OES, Raman, and acid-based titration) were utilized to gain 
insights into changes in properties of (1) the surface layer at the electrode/electrolyte 
interface, (2) the electrodes (graphite and LMO), and (3) the electrolytes. The atomistic 
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simulations using molecular dynamics (MD) and density functional theory (DFT) were 
used as a complementary tool to provide experimentally-inaccessible information as well 
as explanations and fundamental understandings of what was observed.  
 This research showed the importance of the mechanical and chemical stability of 
the SEI layer and emphasized their interdependence; the mechanical degradation of the 
SEI layer influenced the chemical degradation of the SEI and vice versa. The stability of 
the SEI layer was related closely to the degradation of the battery’s performance during 
cycling, especially in the case of high rates of cycling and cycling at elevated 
temperatures.  
The stability of the SEI layer was highly dependent on the properties of the SEI 
layer. As a representative example, the FEC-derived SEI layer exhibited superior cell 
performances, showing excellent rate capability and enhanced thermal stability (Chapter 
5). These were attributed to the SEI’s chemical structure and composition, i.e., a thinner 
and denser layer that consisted of abundant polymeric species as a consequence of the 
reduction of FEC during the formation cycle. Thus, forming an effective and desirable 
SEI layer was indispensable for facilitating Li-ion transport at the electrode/electrolyte 
interface as well as for suppressing the growth of the SEI layer due to additional 
decomposition of the electrolyte. 
 The effectiveness of the FEC-derived SEI layer can be understood based on the 
mechanical stability of the SEI layer, i.e., the elasticity of the SEI layer, which was one of 
the subjects in this research. The experimental and computational results in Chapter 4 
showed that the elasticity of the SEI layer was affected significantly by the chemical 
composition of the SEI layer, suggesting the importance of controlling its chemical 
 201 
 
composition. The experimental work demonstrated that the inner layer of the SEI 
contains considerably more of the stiff species than the outer layer, and the elasticity of 
each main component of the SEI was determined by computational results, showing 
stiffer behavior in the order of LiF > Li2CO3 > Li2EDC > LiMC > LiEC > PEO. Based on 
these findings, it was suggested that the formation of a polymeric layer (such as PEO) 
rather than an EC- or DMC-based organic layer, would be desirable to have flexibility of 
the SEI layer in order to minimize its mechanical instability. Thus, the abundance of 
polymeric species in the FEC-derived SEI layer, which resulted from the reduction of 
FEC prior to the reduction of EC, was believed to be effective in preserving the 
mechanical stability of the SEI layer. The flexible layer that exists at the inner layer of 
the FEC-derived SEI layer possibly was helpful in protecting the SEI layer from a large 
strain due to intercalation-induced and gas formation-induced volume changes, especially 
during extreme cycling conditions.  
 The passivating effect of the SEI layer was degraded or eliminated by the 
chemical degradation of the SEI layer, leading to further formation and growth of the SEI 
layer. The XPS results in Chapter 2 showed that the chemical composition and thickness 
of the SEI layer that was formed during storage at elevated temperature differed 
significantly from the SEI layer formed at room temperature; a thicker SEI layer with 
higher concentrations of carbon and oxygen was formed at elevated temperature, 
suggesting that dissolution, breakdown, or conversion of the SEI layer occurred at 
elevated temperatures. EIS measurements indicated that the SEI layer was not stable at 
elevated temperatures; the interfacial resistance at the anode had an oscillating behavior, 
which was different from the behavior of the interfacial resistance at room temperature. 
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Based on the observation of a monotonic relationship between temperature and the 
interfacial resistance at the anode, it was proposed that the growth of SEI at elevated 
temperatures occurred as a consequence of a competitive mechanism between the 
precipitation and the dissolution of the SEI layer. According to this mechanism, it was 
inferred that the thermal stability of the FEC-derived SEI layer possibly was associated 
with the chemical composition of the FEC-derived SEI layer, which consisted of 
chemical species that were less susceptible to the dissolution of SEI at elevated 
temperatures (Chapter 5). 
The chemical degradation of the SEI layer was promoted by the dissolution of 
SEI as a direct result of elevated temperature and also by the deterioration of SEI induced 
by the deposition of dissolved manganese ions, which was an indirect result of the 
elevated temperature. In Chapter 3, the process and mechanism of the chemical 
degradation of SEI induced by the deposited manganese ions were determined. The 
results showed that dissolved manganese ions diffused through a porous layer and were 
deposited mainly in the form of MnF2 at the inorganic/graphite interface, allowing ion-
exchange reactions to occur between the species comprising the SEI and deposited 
manganese ions. During the deposition and/or interactions of dissolved manganese ions, 
additional electrolyte decompositions were catalyzed, forming a more oxygen-rich layer. 
Consequently, a thicker SEI layer was formed at the interface of the anode in the 
presence of dissolved manganese ions.  
 The dissolved manganese ions that affected the deterioration of the SEI layer also 
contributed to the structural degradation of graphite, which were addressed in Chapter 6. 
Based on results from XPS depth profiling and XRD measurements, the possibility of 
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manganese co-intercalation was proposed. Using hypothetical Li-GIC structures, 
including manganese ions, the DFT calculations predicted that intercalated manganese 
ions would lead to the contraction of the interlayer space in graphite, suggesting the 
possibility of structural disordering and defects in the graphite. Raman mapping results 
demonstrated that the structural disordering of graphite occurred in the presence of 
dissolved manganese ions. The results placed more emphasis on the development of an 
effective SEI layer that can protect the anode side from the attack of dissolved transition 
metal ions.  
In Chapter 5, the necessity of evaluating the effect of the electrolyte additive on 
the cathode side was emphasized in order to improve the thermal stability of a battery. 
While the chemical and mechanical instabilities of the SEI layer were overcome by using 
the FEC additive in the electrolyte, adverse effects of FEC on the cathode side were 
observed, especially at elevated temperatures. The capacity of the LMO/Li cell 
containing FEC was decreased dramatically at elevated temperatures, compared to that of 
the cell without FEC. EIS results showed that the increase in the interfacial resistance at 
the cathode was significant in the case of the FEC-containing cell. One of the reasons for 
the rapid increase of the interfacial resistance at the cathode was the formation of a 
thicker surface layer with high concentrations of polymeric and polycarbonate species. In 
addition, the increase in the amount of dissolved Mn was accelerated due to the increased 
amount of hydrofluoric acid (HF) in the FEC-containing cell. The study demonstrated 
that these adverse effects was initiated or provoked by the thermal decomposition or 
dehydrofluorination of the FEC additive. Based on these findings, it was suggested that 
the residual FEC after formation of the SEI layer on the anode side was detrimental to the 
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cathode at elevated temperatures. Thus, it was necessary to optimize the amount of FEC 
to achieve further improvement of a battery at elevated temperature. 
 The findings from this research can provide a fundamental understanding of 
chemical and physical processes that underlie the degradation of the SEI layer and 
concomitant other degradation phenomena. Such an understanding is essential to gain 
insights into strategies for controlling or optimizing the properties of the SEI to provide 
the mechanical and chemical stability of the electrode/electrolyte interface. This work can 
guide the direction of many approaches in the “design” of the SEI layer. 
 Based on this work, the following future work is proposed: 
• The modified SEI layers derived by electrolyte additives should be studied further 
by investigating the thermal dissolution behavior of the SEI layer and the 
protective behavior of the SEI layer against the attack of transition metal ions. 
• A comparative study on the effects of other deposited transition metal ions (such 
as Ni, Co, and Fe) on the properties of the SEI layer is needed to clarify the 
degradation mechanism of SEI induced by the deposition of transition metal ions. 
• DFT calculations are required to investigate the possibility of co-intercalation of 
other transition metal ions and its effects on the contraction/expansion behaviors 
of the interlayer spacing in graphite. In addition, the investigation on the 
mechanical stability of graphite that contains different co-intercalated transition 
metal ions is recommended. 
• To investigate the cracking behavior of the SEI on graphite or silicon, dynamics 
simulation should be conducted with various factors, such as pressure and 
temperature. 
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• Polymer-coated graphite or silicon should be tested to investigate the performance 
of the battery to validate whether the mechanical stability of its interface can be 
achieved.  
• The effects of various electrolyte additives on the surface of the cathode should be 
reevaluated, especially at elevated temperatures. A comparative study of different 
cathode materials with electrolyte additives would be useful to provide a better 
understanding of the mechanisms that underlie the interactions between the 
additives and the cathode materials. 
